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linked  despite  the  tetraf unctionality  of  the  TGDDM  molecule  because  steric 
and  diffusional  restrictions  inhibit  the  cure  reactions.  The  TGDDM-DDS 
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The  pertinent  basic  physical  phenomena  induced  and/or  modified  by  sorbed 
moisture  that  affect  the  durability  of  epoxies  are  reviewed.  Sorbed  moisture 
acts  as  a plasticizer  and  a swelling  and  solvent  crazing  agent  to  epoxies. 

The  physical  and  mechanical  integrity  of  the  epoxies  are  deteriorated  by 
certain  thermal-moisture  exposure  combinations. 

Factors  controlling  the  toughness  of  polycarbonate  are  reported.  In 
tension  the  toughness  of  polycarbonate  is  controlled  by  the  ease  of  shear- 
band  deformation  and  the  resultant  strain-hardening  characteristics  of  the 
cold-drawn  material  together  with  the  characteristics  of  surface  crazes  which 
form  prior  to  macroscopic  necking.  The  effects  of  strain-rate  and  environ- 
mental factors  such  as  handling  on  the  surface  craze  characteristics  are 
reported. 

Polybenzoxazole  (PBO)  is  relatively  ductile  at  room  temperature.  The 
presence  of  sulfuric  acid  in  PBO,  which  is  eliminated  only  on  decomposition 
of  the  polymer  near  500°C,  suggests  that  this  acid  is  strongly  associated 
with  the  rod-like  macromolecules,  and  may  affect  their  aggregation  character- 
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1.  INTRODUCTION 


The  aerospace  industry  utilizes  polymers  in  numerous  applications  which 
include  matrices  for  composite  materials,  adhesives,  transparencies,  and 
sealants  and  insulators  for  heat,  sound,  and  electricity.  In  many  of  these 
applications  the  polymeric  materials  are  exposed  to  extreme  service  environ- 
ments. The  need  to  predict  the  durability  of  these  materials  over  long 
periods  without  resorting  to  empiricism  requires  a detailed  understanding  of 
the  structure-property  relations  of  polymers  and  how  such  relations  are 
modified  by  fabrication  and  environmental  factors. 

In  this  program  our  studies  were  concentrated  on  three  classes  of 
polymer  glasses  utilized  in  the  aerospace  industry: 

1)  Epoxies,  crosslinked  thermosetting  polymers,  which  are  the  primary  mate- 
rials utilized  in  adhesives  and  high-performance  polymer-fiber  composite  matrices. 

2)  Polycarbonate,  an  amorphous  but  crystallizable  thermoplastic  which 
is  utilized  as  a high- impact-strength  transparency. 

3)  Aromatic  heterocyclic  polymers,  which  possess  good  flame  resistance 
and  the  ability  to  withstand  high  temperatures.  These  glasses  have  been 
utilized  in  aircraft  wire  insulation  and  have  acquired  limited  usage  as 
adhesives  and  composite  matrices. 

The  overall  aims  of  this  program  were  to  study  1)  the  chemical  structure 
and  physical  arrangement  of  the  macromolecules  in  the  bulk,  2)  the  modes  of 
deformation  and  failure,  3)  the  structural  parameters  that  control  the  modes 
of  deformation  and  failure,  4)  the  effect  of  the  modes  of  deformation  and 
failure  on  the  mechanical  properties,  and  5)  how  these  structure-property 
relations  are  modified  by  fabrication  procedures  and  the  service  environment. 

A thorough  understanding  of  these  interrelationships  is  required  for  any 
durability  predictions  of  these  polymeric  materials. 
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2.  OBJECTIVES 

The  specific  objectives  of  this  research  program  were  to: 

• determine  1)  the  network  structure  and  microvoid  characteristics 
of  epoxies,  2)  the  microscopic  modes  of  deformation  and  failure  of 
epoxies  and  their  relation  to  the  structure  and  mechanical  proper- 
ties, and  3)  the  effect  of  environmental  factors  such  as  sorbed 
moisture  and  elevated-temperature  exposure  on  the  structure/failure 
process/mechanical-property  relations  of  epoxies. 

• investigate  the  structural  and  environmental  factors  affecting  the 
modes  of  deformation  and  failure  and  embrittlement  of  polycarbonate 

• initiate  structure-property  studies  on  aromatic  heterocyclic  poly- 
benzoxazole. 
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3.  PROGRESS 


The  progress  in  this  research  program  has  been  reported  in  detail  in 
Publications  and  Presentations  1-11  (Section  4).  Publications  4-10  are 
included  as  appendicies  A-G  of  this  report.  A comprehensive  summary  of  the 
major  findings  of  this  research  program  is  documented  in  this  section. 


3. 1 Structure-Property  Studies  of  Epoxies 

Two  epoxy  systems  were  studied:  1)  diethylene  triamine  (Eastman)-cured 
bisphenol-A-diglycidy 1 ether  (Dow,  DER  332)  epoxy  (DGEBA-DETA)  and  2)  diamino- 
diphenyl  sulfone  (Ciba-Geigy,  Eporal)-cured  tetraglycidyl  4,4'diaminodiphenyl 
methane  (Ciba-Geigy,  MY  720)  epoxy  (TGDDM-DDS). 


The  DGEBA-DETA  Epoxy  System  - DGEBA-DETA  epoxies  exhibit  considerable 

microscopic  flow  during  the  failure  processes  and  15-20%  extension  to  break 

25°C  below  their  T 's.  Reversible  thermal  annealing  cycles,  above  and  below 
§ 

T , produce  reversible  changes  in  the  macroscopic  yield  stress  of  DGEBA-DETA 
epoxies.  These  changes  in  the  yield  stress  are  a result  of  free-volume 
changes.  These  epoxies,  however,  exhibited  little  swelling  in  organic  sol- 
vents. The  lack  of  swelling,  the  ductility,  and  the  free-volume  dependence 
of  the  mechanical  properties  of  the  DGEBA-DETA  epoxies  can  be  explained  if 
these  glasses  possess  a heterogeneous  crosslink  density  distribution.  It  is 
suggested  that  these  glasses  consist  of  regions  of  high-crosslink  density 
interconnected  by  free-volume-dependent,  low-crosslinked  or  non-crosslinked 
material  with  the  latter  material  controlling  the  flow  properties.  This 
morphological  model  is  consistent  with  our  bright-field  transmission  electron 
microscope  observations.  Films  strained  directly  in  the  electron  microscope 
revealed  a network  of  interconnected  6-9  nm  diameter  particles.  These 
particles  remain  intact  and  flow  past  one  another  during  the  flow  processes. 
It  is  suggested  that  these  particles  are  molecular  domains  that  are  intra- 
molecularly  crosslinked  and  form  during  the  initial  stages  of  polymerization. 

The  DGEBA-DETA  epoxies  fail  by  a crazing  process.  The  failure  processes 
of  DGEBA-DETA  epoxies  were  monitored  by  optical  and  electron  microscopy  of 
a)  the  fracture  topographies  and  edges  of  epoxy  specimens  fractured  in 
tension  as  a function  of  temperature  and  strain-rate  and  b)  thin  epoxy  films 
deformed  on  a metal  substrate.  In  addition,  the  epoxy  films  were  strained 
directly  in  the  electron  microscopy,  and  failure  processes  were  monitored 
by  bright-field  transmission  electron  microscopy. 
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The  fracture  topographies  of  the  DGEBA-DETA  epoxies  can  be  interpreted 
in  terms  of  a crazing  failure  process.  The  coarse  initiation  region  of  the 
fracture  topography  of  these  epoxies,  which  has  a mica-like  appearance,  is 
at  the  center  of  a cavity  and  is  surrounded  by  a smooth,  mirror-like,  slow 
crack-growth  region.  The  mica-like  structure  results  from  void  growth  and 
coalescence  through  the  center  of  a simultaneously  growing,  poorly  developed 
craze,  which  consists  of  coarse  fibrils.  The  diameters  of  the  broken  fibrils 
depend  on  the  relative  rates  of  craze  and  void  propagation.  The  smooth, 
mirror-like  region  results  from  crack  propagation  either  through  the  center 
or  along  the  craze-matrix  boundary  interface  of  a thick,  well-developed  craze 
consisting  of  fine  fibrils. 

The  TGDDM-DDS  Epoxy  System  - The  TGDDM-DDS  epoxies  are  not  highly  cross- 

linked  systems,  despite  the  tetraf unctionality  of  the  TGDDM  molecule,  and 

exhibit  15-20%  extension  to  break  25°C  below  their  T 's.  Steric  and  dif- 

g 

fusional  restrictions  inhibit  the  cure  reactions  for  glasses  prepared  from 
> 30  wt%  DDS . (For  all  the  epoxide  groups  to  react  with  primary  amines 
requires  54  wt%  DDS.)  For  glasses  with  > 30  wt%  DDS,  unreacted  DDS  molecules 
act  as  plasticizers  and  lower  the  T^.  Aggregates  of  these  unreacted  mole- 
cules recrystallize  in  the  epoxy  glass  and  have  been  identified  by  electron 
diffraction  and  X-ray  emission  spectroscopy.  The  elimination  of  unreauted 
molecules  during  the  later  stages  of  the  cure  produces  stress-raising  micro- 
voids in  these  glasses. 

No  evidence  was  found  for  heterogeneous  crosslink-density  distributions 
in  TGDDM-DDS  (15-35  wt%  DDS)  epoxies  on  straining  films  in  the  electron 
microscope.  However,  transmission  electron  microscopy  reveals  that  the  poor 
network  produced  for  lower  DDS  concentrations  (10-15  wt%  DDS)  breaks  into 
2.5  nm  particles  which  are  approximately  the  size  of  the  TGDDM  epoxide 
molecule . 

TGDDM-DDS  (12-35  wt%  DDS)  epoxies  predominantly  deform  and  fail  in 
tension  by  a crazing  process  as  indicated  by  fracture  topography  studies. 
These  glasses  also  deform  to  a limited  extent  by  shear  banding  as  indicated 
by  unique,  regular,  right-angle  steps  in  the  fracture  topography  initiation 
region.  The  shear-band  mode  of  deformation  becomes  more  predominant  with 
increasing  temperature  and  is  the  primary  mode  of  deformation  during  the 
initial  stages  of  fracture  just  below  T . Fracture  topographical  features 
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also  indicate  that  mixed  modes  of  deformation  that  involve  both  shear  banding 
and  crazing  can  occur  in  these  epoxies.  The  shear-band  mode  of  deformation 
enhances  the  high-temperature  ductility  of  these  TGDDM-DDS  epoxies. 

3. 2 The  Durability  of  Epoxies 

The  pertinent  basic  physical  phenomena  induced  and/or  modified  by  sorbed 
moisture  that  affect  the  durability  of  epoxies  have  been  investigated  and 
reviewed  (Publications  6,7,  and  11).  Our  primary  findings  and  conclusions 
are  as  follows: 


(1)  Epoxies  are  plasticized  by  sorbed  moisture,  and  their  T 's  are 
lowered  to  a greater  extent  than  predicted  from  free-volume  considerations. 
Strong  hydrogen  bonding  or  the  preferential  accumulation  of  moisture  in 
regions  of  low-crosslink  density  could  explain  the  anomalous  plasticization. 

(2)  Moisture  diffusion  in  epoxies  can  be  adequately  described  by  Fick's 
laws  of  diffusion.  Non-Fickian  diffusion  with  accelerated  moisture  sorption 
will  occur,  however,  in  environments  that  cause  microvoid  or  crack  formation 
in  the  epoxies.  For  example,  TGDDM-DDS  (27  wt%  DDS)  epoxies  exposed  to 
stresses  of  > 40  MPa  at  room  temperature  exhibit  a significant  change  in 
moisture  sorption  and  diffusion  characteristics. 


(3)  Local  swelling  stresses  generated  by  the  sorption  of  moisture  in 
epoxies  cannot  be  predicted  accurately  without  detailed  knowledge  of  the 
epoxy  network  structure  and  the  moisture  distribution  within  the  network. 


(4)  Sorbed  moisture  enhances  the  craze  cavitation  and  propagation  pro- 
cesses in  the  epoxies  by  plasticization.  The  craze  cavitation  stress  is 
more  susceptible  to  sorbed  moisture  than  T , particularly  when  microscopic 
regions  of  high-moisture  concentration  are  present  in  the  epoxy.  Therefore, 

modification  of  T by  sorbed  moisture  alone  cannot  be  utilized  as  a sensitive 

g 

guide  to  predict  deterioration  in  the  mechanical  response  and  durability  of 
epoxies . 


(5)  Combined  thermal-moisture  exposure  can  deteriorate  the  physical 
and  mechanical  integrity  of  epoxies.  For  certain  conditions,  moisture 
clusters  form  in  epoxies  which  on  subsequent  elimination  produce  stress- 
raising microvoids  in  the  glass  that  reduce  the  tensile  strength  by  ^ 25%. 
Thermal  spiking  causes  enhanced  moisture  sorption  because  of  the  breaking  of 
crosslinks  and  further  growth  of  fabrication- induced  surface  micro-cracks. 
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3.3  The  Modes  of  Deformation  and  Failure  of  Polycarbonate 

Polycarbonate  embrittles  as  a result  of  premature  failure  by  a crazing 
mechanism.  In  addition  to  free -volume  changes,  the  embrittlement  processes 
are  a result  of  either  surface  crystallization  and/or  solvent-induced 
relaxation  of  fabrication  stresses. 

In  these  studies  we  investigated  the  effect  of  strain-rate  and  organics 
(finger-grease)  on  the  surface  crazing  of  polycarbonate.  Also,  polycarbonate 
films  were  strained  directly  in  the  electron  microscope  to  achieve  a greater 
understanding  of  the  microscopic  deformation  and  failure  modes.  This  work 
is  described  in  detail  in  Publication  9. 

Our  major  findings  and  conclusions  in  these  studies  are  as  follows: 

(1)  The  flow  processes  and  toughness  of  glassy  polycarbonate  in  tension 
are  controlled  by  the  ease  of  shear-band  deformation  and  the  resultant  strain- 
hardening characteristics  of  the  cold-drawn  material  together  with  the 
characteristics  of  surface  crazes  which  form  prior  to  macroscopic  necking. 

The  geometry  and  physical  structure  of  the  surface  crazes  together  with  the 
crack  resistance  of  the  oriented  polymer  can  directly  control  the  stage  at 
which  deformation  fracture  occurs  and,  hence,  the  toughness  of  the  polymer. 

The  characteristics  of  these  surface  crazes  varied  as  a function  of  strain- 

rate  in  1 mm  thick  polycarbonate  specimens  deformed  in  tension  at  room 

-2  +2  -1 

temperature.  In  the  10  -10  min  strain-rate  region,  the  polycarbonate 

specimens  deformed  predominantly  by  shear-band  deformation  and  cold-drawing. 

However,  surface  crazes  that  form  prior  to  macroscopic  necking  and  cold-draw- 

-2  -1 

ing  serve  as  sites  for  ultimate  fracture.  In  the  10  -1  min  strain-rate 

region,  the  crazes  grow  to  'v  5-10  pm  in  length  prior  to  macroscopic  shear- 

band  deformation.  Subsequent  cold-drawing  leads  to  the  growth  of  these 

+2  -1 

craze  sites  by  plastic  tearing.  In  the  1-10  min  strain-rate  region, 

larger  surface  crazes  up  to  ^ 100  pm  in  length  develop  prior  to  macroscopic 

shear-band  deformation.  These  crazes,  however,  do  not  significantly  grow  in 

area  prior  to  catastrophic  crack  propagation  through  the  oriented,  cold-drawn 

+2  -1 

material.  In  the  'v  10  min  strain-rate  region,  specimens  with  low  free- 
volumes,  as  a result  of  annealing  at  125°C,  ceased  to  cold-draw  and  either 
deformed  and  failed  by  crazing  or  by  a neck  rupture  process.  Such  specimens 
are  embrittled  because  of  a corresponding  decrease  in  molecular  flow  and 
energy  to  failure. 
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(2)  Surface  crazing  is  enhanced  in  polycarbonate  by  environmental  factors 
such  as  handling.  The  regions  of  the  polycarbonate  surface  that  have  come 
into  contact  with  finger-grease  are  plasticized,  and  fabrication  stresses 
in  such  regions  relax  near  T at  a fasteft  rate  than  those  in  the  unplasticized 
surroundings.  The  plasticized,  relaxed  regions  separate  from  their  surround- 
ings producing  microcracks  which  serve  as  sites  for  craze  initiation  and 
growth  and  possible  embrittlement  of  the  polymer. 


(3)  Crazes  initiated  and  propagated  in  the  polycarbonate  films  that  were 
deformed  directly  in  the  electron  microscope.  Nodular  regions,  ^ 10  nm  in 
size,  which  did  not  break  up  during  the  craze  flow  processes  were  observed 
in  these  films. 


3.4  Polybenzoxazole 

Structure-property  studies  were  initiated  on  polybenzoxazole  (PBO)  which 
was  supplied  by  AFML.  Fracture  topography  studies  reveal  that  PBO  is 
relatively  ductile  at  room  temperature  on  a microscopic  level.  This  aromatic 
heterocyclic  polymer  is  soluble  only  in  inorganic  solvents  such  as  concen- 
trated sulfuric  acid.  Fabrication  of  the  solid  involves  precipitation  from 
the  solvent  and/or  evaporation  of  the  solvent.  X-ray  emission  scanning 
spectroscopy  studies  of  PBO  fibers  revealed  the  presence  of  sulfur  which 
indicates  that  sulfuric  acid  remains  in  the  solid-state  polymer  after  fabri- 
cation. The  sulfuric  acid  is  eliminated  from  the  solid  polymer  only  after 
annealing  in  the  PBO  decomposition  range,  > 500°C.  These  observations 
suggest  that  sulfuric  acid  strongly  associates  with  the  rod-like  macro- 
molecules and  may  affect  their  solid-state  aggregation  characteristics.  A 
completely  solvent-free  polymer  may  be  difficult  to  obtain. 
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Microscopic  Flow  and  Failure  Processes  in  Polymer  Glasses* 

Roger  J.  Morgan  and  James  h.  O’Neal 
McDonnell  Douglas  Research  Laboratories 
McDonnell  Douglas  Corp.,  St.  Louis,  Missouri  63166 


Introduction 

In  the  aerospace  industry,  polymeric  glasses  are  utilized  in  extreme  service  environments.  The 
need  to  predict  the  durability  of  these  materials  over  long  periods  without  resorting  to  empiricism 
requires  a detailed  understanding  of  the  microscopic  flow  and  failure  processes  in  these  glasses  and 
how  these  processes  are  modified  by  the  service  environment.  Flow  occurs  in  polymer  glasses 
either  microscopically  via  crazing  or  shear  banding  or  macroscopically  via  necking.  This  flow 
absorbs  energy  during  the  failure  process  and  enhances  the  toughness  of  a polymer  glass.  The 
strains  in  shear  bands  and  crazes  are  similar  [11,  and  it  is  uncertain  which  structural  parameters 
determine  if  one  mode  of  deformation  predominates  in  a given  set  of  stress-time-temperature 
conditions. 

In  this  paper  we  present  studies  on  (i)  the  microscopic  flow  and  failure  processes,  (ii)  the  struc- 
tural parameters  controlling  these  processes,  and  (iii)  how  such  processes  are  modified  by  the 
service  environment.  Our  studies  cover  three  different  classes  of  polymer  glasses  utilized  in  the 
aerospace  industry,  namely: 

( 1 ) Polycarbonate,  an  amorphous  but  crystallizable  thermoplastic  which  is  utilized  as  a high- 
impact-strength  transparency. 

(2)  Polyimides.  the  most  widely  used  of  the  aromatic  heterocyclic  polymers,  process  good  flame 
resistance  and  the  ability  to  withstand  high  temperatures.  These  glasses  have  been  utilized  in  air- 
craft wire  insulation  and  have  acquired  limited  usage  as  adhesives  and  composite  matrices. 

(3)  Epoxies,  crosslinked  thermosetting  polymers,  are  the  primary  materials  utilized  in  adhesives 
and  high-performance  polymer-fiber  composites. 


Experimental 


Material 


The  bisphenol  A polycarbonate  lpoly-4.4'  -dioxydiphenyl  2,2-propane  carbonate)  (Lexan,  General 
Electric)  used  in  this  study  had  a viscosity-average  molecular  weight  of  30  000  and  contained  no 
significant  additives.  The  polyimides  studied  were  (1)  (poly  4,4'oxydiphenylene)  pyromellitimide 
(Vespel.  duPont)  (PODPPMI)  and  (2)  a solution-soluble  copolyimide  based  on  3,3'4,4'-benzo- 
phenone  tetracarboxylic  acid  anhydride  (Upjohn,  Polyimide  2080),  which  is  designated  here  as 
BTAD-polyimide.  Two  epoxy  systems  were  studied:  (1 ) diethylene  triamine  (Eastman  Fcured 
bisphenol-A-diglycidyl  ether  (Dow,  DER  332)  epoxy  (DGEBE-DETA)  and  (2)  diaminodiphenyl 
sulfone  (Ciba  Geigy,  EporalFcured  tetraglycidyl  4,4'diaminodiphenyl  methane  (Ciba  Geigy. 
MY720)  epoxy  (TGDDM-DDS). 

Experiments 

The  failure  processes  were  monitored  by  optical  and  electron  microscopy  (1 ) of  the  fracture 
topographies  and  edges  of  specimens  fractured  in  tension  as  a function  of  temperature  and  strain- 
rate  and  (2)  of  thin  films  deformed  on  a metal  substrate.  In  additon,  films  were  strained  directly 
in  the  electron  microscope,  and  the  failure  processes  were  monitored  by  bright-field  microscopy. 


*Research  sponsored  in  part  by  the  McDonnell  Douglas  Independent  Research  and  Development 
Program  and  in  part  by  the  Air  Force  Office  of  Scientific  Research/AFSC,  United  States  Air 
Force,  under  Contract  No.  F44 620-7 6-C-0075.  The  United  States  Government  is  authorized  to 
reproduce  and  distribute  reprints  for  governmental  purposes  notwithstanding  any  copyright 
notation  hereon. 
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For  fracture  topography  and  mechanical  property  siudies,  dogbone-shaped  specimens  were 
fractured  in  tension  in  a table-model  tensile  tester  (Instron  TM-S-1 130).  A scanning  reflection 
electron  microscope  (JEOL  model  JEM-100B)  and  optical  microscope  (Zeiss  Ultraphotll)  were 
used  for  fracture  topography  studies.  Transmission  electron  microscopy  was  used  for  thin-film 
and  carbon-platinum  surface  replica  studies. 

Results  and  Discussion 


Polycarbonate 

Polycarbonate  can  embrittle,  particularly  at  high  strain-rates  and  for  specimens  < 5 mm  thick,  on 
annealing  in  the  80-130°C  range  (Tg  = 1 50°C)  [2-111.  In  tension,  this  embrittlement  is  a result 
of  the  cessation  of  shear  yielding  and  macroscopic  necking  and  a reversion  to  crazing  as  the  pre- 
dominant deformation  and  failure  mode  1 5,  10,  12].  This  transition  is  accompanied  by  a corres- 
ponding decrease  in  molecular  flow  and  energy  to  failure.  The  inhibition  of  molecular  flow  is  a 
direct  result  of  free-volume  decreases  produced  in  bulk  specimens  on  annealing  in  the  glassy  state 

Crazing  still  occurs,  however,  and  plays  a predominant  role  in  the  failure  process  when  shear 
yielding  is  the  primary  mode  of  deformation.  In  Fig.  1 , ductile  crazes  are  illustrated  along  the 
edges  of  the  necked  portion  of  a polycarbonate  glass.  We  observed  from  fracture  topography 
studies  that  failure  in  the  oriented  neck  often  originates  from  a well-formed  craze.  Crazes  can 
originate  from  surface  flaws  which  can  be  generated  by  surface  crystallization.  The  ability  of 
polycarbonate  to  crystallize  at  and  immediately  above  Tg  allows  precrystalline  and/or  crystalline 
entities  to  grow  below  the  bulk  Tg  on  free  surfaces  were  mobility  restrictions  are  less  severe  than 
in  the  bulk  [ 10] . Surface  crystallization  causes  surface  stresses  which  can  produce  microcracking. 
We  have  directly  observed  microcracks  along  the  edges  of  prespherulitic  arms.  Surface  crystalliza- 
tion is  enhanced  by  finger  grease  and  subsequent  exposure  to  ~ 100°C  [ 13] . Caird  [ 14]  has 
shown  that  handling  the  surface  of  polycarbonate  followed  by  exposure  to  130°C  seriously 
deteriorates  the  mechanical  properties  relative  to  untouched  glasses  exposed  to  the  same 
temperatures. 
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Figure  1 Ductile  crazes  in  the  edge  of  necked  portion  of  polycarbonate. 

Hence,  the  flow  properties  and  toughness  at  a specified  strain-rate  and  thickness  of  polycarbon- 
ate are  controlled  by  ( 1 ) the  ease  of  shear-band  deformation  which  depends  on  free  volume  and 
previous  thermal  history  and  (2)  surface  crazes  whose  characteristics  depend  on  exposure  to 
organics,  thermal  history,  and  surface  crystallization  and  fabrication  stresses.  Therefore,  the 
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desirable  toughness  of  polycarbonate  cannot  be  fully  utilized  when  this  glass  is  exposed  to 
temperatures  above  80°C.  For  many  applications,  the  polycarbonate  surface  has  to  be  protected 
by  a hard  coating  to  protect  this  soft  glass  from  the  environment.  In  aerospace  transparency  ser- 
vice environments,  it  is  often  difficult  to  keep  the  coating  adhered  to  the  polycarbonate. 

Polyimides 

In  the  bulk,  both  the  PODPPM1  and  BTAD  polyimides  deform  and  fail  by  a crazing  process  with 
extensive  fibrillation;  e g.,  all  tensile  fracture  topographies  of  PODPPMI  polyimide  fractured  from 
20-300°C  in  the  10  “ to  10+"/min  strain-rate  range  exhibited  features  characteristic  of  a craze- 
viscous-rupture  process. 

However,  BTAD  polyimide  films  strained  directly  in  the  electron  microscope  exhibited  three 
microscopic  modes  of  deformation:  crazing,  fine  shear-band  propagation,  and  an  edge-yielding 
phenomenon  [15).  Edge-yielding,  which  has  some  of  characteristics  of  both  crazing  and  shear 
banding,  results  in  a thinning  of  the  film  at  the  specimen  edge.  This  yielding  phenomenon 
occurred  in  ~ 1 tim  wide  bands  which  are  at  an  angle  of  20-30°  to  the  tensile  stress  direction. 
Shear-band  deformation  occurs  in  fine  bands  ~ 100  nm  wide.  Wu  and  Li  116)  have  characterized 
two  shear  band  deformation  processes  in  polystyrene:  one  appears  as  fine  shear  bands,  similar  to 
those  we  observe  in  BTAD  polyimide,  and  the  other  as  diffuse  shear  zones.  The  fine  shear  bands 
in  BTAD  polyimide  exhibit  a sharp  boundary  between  themselves  and  the  surrounding  unde- 
formed material.  From  the  lack  of  any  contrast  differences  within  the  shear  bands  in  bright-field 
transmission  electron  microscopy,  we  conclude  that  there  is  uniform  shear  strain  within  these 
bands.  Microscopic  shear-bands,  some  of  which  were  ~ 1 nm  wide,  were  found  to  initiate  from 
1.5-15  nm  diameter  microvoids.  The  length  of  these  shear  bands  increases  with  increasing  micro- 
void  diameter  as  shown  in  Fig.  2.  The  data  scatter  in  this  figure  arises  from  the  modification  of 
the  shear-band  length  by  the  proximity  of  other  microvoids  and  the  ~ 100  nm  wide  shear  bands. 
The  microscopic  shear  band  width  increases  by  a tearing  of  the  microvoid  initiation  sites.  These 
shear  bands  cease  to  widen  or  thicken  and  become  only  longer  when  their  width  approaches 
~ 1 00  nm.  This  phenomenon  may  be  related  to  unique  stress-field  conditions  at  the  shear-band 
initiation  regions.  The  dimensions  of  the  microscopic  shear  bands  suggest  that  only  polymer 
chain  segments  of  a few  monomer  units  rather  than  any  larger  morphological  entities  are  the 
basic  units  involved  in  the  flow  processes  in  this  polymer. 
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Figure  2 Diameter  of  microvoid  shear-band  initiation  site  as  a function  of 
shear-band  length  for  BTAD-polyimide. 


The  ability  of  polyimides  to  fibrillate  increases  the  wear  resistance  of  these  material  as  aircraft 
wire  insulation.  The  in-service  polymer-polymer  wear  processes  involve  shearing  off  platelets  which 
protrude  above  the  general  contour  of  the  polymer  surfaces.  Electron  microscope  studies  of  the 
wear  processes  reveal  that  fibrils  often  hold  the  platlets  onto  the  surface  which  enhances  the  wear 
resistance.  Such  fibrillation  is  not  affected  by  service  environment  conditions. 

Epoxies 

Both  DGEBA-DETA  and  TGDDM-DDS  epoxies  deform  and  fail  by  a crazing  process  [ 17]  (These 
glasses  are  not  highly  crosslinked  because  of  the  steric  and  diffusional  restrictions  during  polymer- 
ization and  network  formation.)  Crazes  were  observed  in  films  either  strained  directly  in  the 
electron  microscope  or  strained  on  a metal  substrate.  The  fracture  topographies  of  these  epoxies 
fractured  as  a function  of  temperature  and  strain-rate  are  interpreted  in  terms  of  a crazing  process. 
A coarse  fracture  topography  initiation  region  results  from  void  growth  and  coalescence  through 
the  center  of  a simultaneously  growing,  poorly  developed  craze  which  consists  of  coarse  fibrils.  A 
surrounding,  smooth,  slow-crack-growth  mirror  region  results  from  crack  propagation  either 
through  the  center  or  along  the  craze-matrix  boundary  interface  of  a thick,  well-developed  craze 
consisting  of  fine  fibrils. 

From  straining  films  directly  in  the  electron  microscope,  DGEBA-DETA  epoxies  were  found  to 
consist  of  6-9  nm  diameter  particles  which  remain  intact  when  flow  occurs  within  craze  fibrils.  It 
is  suggested  that  these  particles  are  intramolecularly  crosslinked,  molecular  domains  which  form 
during  the  initial  stages  of  polymerization  and  later  interconnect  to  form  larger  network  morpho- 
logical entities.  A network  of  these  particles  within  a craze  fibril  is  illustrated  in  the  bright-field 
transmission  electron  micrograph  in  Fig.  3.  The  TGDDM-DDS  epoxies  possess  larger  ~ 1 fim 
regions  of  high  crosslink  density. 
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Figure  3 Bright-field  transmission  electron  micrograph  of  strained  network 
structure  of  6-9  nm  particles  in  DGEBA-DETA  epoxy. 

The  TGDDM-DDS  epoxies  also  deform  to  a limited  extent  by  shear  banding.  Regular  right- 
angle  steps  were  observed  in  the  fracture  topography  initiation  region,  as  illustrated  in  Fig.  4. 

This  topography  was  observed  in  ~ 20%  of  all  room-temperature  fractures  and  ~ 40%  of  all 
fractures  at  1 50°C  (Tg  =*  250°C).  Shear  band  propagation  in  these  crosslinked  glasses  produces 
structurally  weak  planes  because  of  bond  cleavage  caused  by  molecular  flow.  The  craze  or  crack 
jumps  into  these  structurally  weak  planes. 

The  crazing  process  in  these  epoxies  is  enhanced  by  absorbed  moisture.  The  absorbed  water 
lowers  the  craze  cavitational  stress  and  allows  crazes  to  propagate  at  lower  stresses.  The  cavities 
formed  at  the  craze  tip  serve  as  a sink  for  water  absorption,  and  the  porous  craze  structure  allows 
rapid  diffusion  of  water  to  the  craze  tip.  Such  phenomena  must  be  considered  in  any  durability 
predictions  of  these  glasses  in  high  humidity  environments. 

Conclusions 

( 1 ) The  flow  characteristics  of  polycarbonate  are  controlled  by  ( 1 ) the  ease  of  shear  band  de- 
formation which  depends  on  free-volume  and  previous  thermal  history  and  (2)  surface  crazes 
whose  characteristics  depend  on  exposure  to  organics,  thermal  history,  and  surface  crystalliza- 
tion and  fabrication  stresses. 
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Figure  4 Scanning  electron  micrograph  illustrating  right-angle  steps  in  the 
fracture  topography  initiation  region  of  TGDDMS-DDS  epoxies. 

(2)  PODPPMI  and  BTAD  polyimides  deform  and  fail  in  the  bulk  by  crazing  with  extensive 
fibrillation.  Polymer  chain  segments  of  only  a few  monomer  units  are  the  basic  units  involved 
in  the  shear-band  flow  processes  in  BTAD-polyimide. 

(3)  DGEBA-DETA  and  TGDDM-DDS  epoxies  predominantly  deform  and  fail  by  crazing  with 
regions  of  high  crosslink  density  remaining  intact  during  the  flow  processess.  Right-angle  steps 
in  the  fracture  topography  initiation  region  of  the  TGDDM-DDS  epoxy  suggest  that  shear-band 
deformation  also  occurs  in  this  glass.  Craze  cavitation  and  growth  are  enhanced  in  these  epoxies 
by  the  presence  of  absorbed  water. 
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The  microscopic  failure  processes  and 
their  relation  to  the  structure  of 
amine -cured  bisphenol-A-diglycidyl  ether 
epoxies 
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Electron  and  optical  microscopy  are  used  to  study  the  relation  between  the  structure  and 
the  microscopic  flow  and  failure  processes  of  diethylene  triamine-cured  bisphenol-A- 
diglycidyl  ether  epoxies.  By  straining  films  directly  in  the  electron  microscope,  these 
epoxies  are  found  to  consist  of  6 to  9 nm  diameter  particles  which  remain  intact  when 
flow  occurs.  It  is  suggested  that  these  particles  are  intramolecularly  crosslinked  molecular 
domains  which  can  interconnect  to  form  larger  network  morphological  entities.  Epoxy 
films,  either  strained  directly  in  the  electron  microscope  or  strained  on  a metal  substrate, 
deform  and  fail  by  a crazing  process.  The  flow  processes  that  occur  during  deformation 
are  dependent  on  the  network  morphology  in  which  regions  of  either  high  or  low  cross- 
link density  are  the  continuous  phase.  The  fracture  topographies  of  the  epoxies  are 
interpreted  in  terms  of  a crazing  process.  The  coarse  fracture  topography  initiation 
regions  result  from  void  growth  and  coalescence  through  the  centre  of  a simultaneously 
growing  poorly  developed  craze  which  consists  of  coarse  fibrils.  The  surrounding  smooth 
slow-crack  growth  mirror-like  region  results  from  crack  propagation  either  through  the 
centre  or  along  the  craze— matrix  boundary  interface  of  a thick,  well  developed  craze 
consisting  of  fine  fibrils. 


1.  Introduction 

Epoxies  are  utilized  by  the  aerospace  industry  in 
the  form  of  matrices  for  composite  materials  and 
in  adhesive  joints.  The  increasing  use  of  epoxies  in 
extreme  service  environments  requires  a knowledge 
of  their  lifetime  in  such  environments.  To  predict 
the  lifetime  of  these  glasses  in  a service  environ- 
ment requires  knowledge  of  (1)  the  chemical 
structure  and  the  physical  arrangement  of  the 
crosslinked  network  in  the  bulk,  (2)  how  such 
structural  parameters  affect  the  failure  processes, 
(3)  the  effect  of  the  failure  processes  on  the 
mechanical  properties,  and  (4)  how  these  structural 
parameters  are  modified  by  fabrication  procedures 
and  the  service  environment.  Such  information  is 
necessary  before  durability  predictions  about  the 


mechanical  integrity  of  epoxy-adhesive  joints 
and  epoxy -composites  can  be  made  with  any 
degree  of  confidence.  The  structure-property 
relationships  of  epoxy  glasses,  however,  have 
received  little  attention  compared  with  other 
commonly  utilized  polymer  glasses. 

The  mechanical  response  of  a polymer  glass 
depends  on  the  amount  of  flow  occurring  during 
the  failure  process,  either  microscopically  via 
crazing  and/or  shear  banding  or  macroscopically 
via  necking  [1—13],  The  major  parameters  con- 
trolling the  flow  processes  in  non-crosslinked 
polymer  glasses  are  the  free  volume  [14-19]  and 
the  stress-raising  microvoid  characteristics  of  the 
glass  [17,20,21]. 

In  the  case  of  crosslinked  glasses  such  as  epoxies, 
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the  presence  of  crosslinking  is  an  additional 
structural  parameter  affecting  the  flow  processes. 
Generally,  the  cure  process  and  final  network 
structure  of  epoxies  have  been  estimated  from 
the  chemistry  of  the  system,  if  the  curing  reactions 
were  known  and  assumed  to  go  to  completion,  and 
from  experimental  techniques  such  as  infrared 
spectra,  swelling,  dynamic  mechanical,  thermal 
conductivity  and  differential  scanning  calorimetry 
measurements.  [22  37] . There  have,  however, 
been  no  systematic  studies  relating  the  chemical 
and  physical  structure  of  epoxies  to  their  mechan- 
ical response. 

The  network  structure  and  microvoid  charac- 
teristics. which  play  a major  role  in  the  mechanical 
response,  vary  with  cure  conditions.  For  certain 
cure  conditions,  high  crosslink-density  regions 
from  6 to  I04  nm  in  diameter  have  been  observed 
in  crosslinked  resins  [17,  24,  38-56].  The  con- 
ditions for  formation  of  a heterogeneous  rather 
than  a homogeneous  system  depend  on  polymer- 
ization conditions  (i.e.,  temperature,  solvent  and/ 
or  chemical  composition).  These  regions  have 
been  described  as  agglomerates  of  colloidal  particles 
[43,  44]  or  floccules  [46]  in  a lower  molecular- 
weight  interstitial  fluid.  Solomon  et  al.  [45] 
suggested  that  a two-phase  system  is  produced  by 
microgelation  prior  to  the  formation  of  a macrogel. 
Kenyon  and  Nielsen  [24]  suggested  that  the 
highly  crosslinked  microgel  regions  are  loosely 
connected  during  the  latter  stages  of  the  curing 
process.  More  recently,  Karyakina  et  al.  [54] 
suggested  that  microgel  regions  originate  in  the 
initial  stages  of  polymerization  from  the  forma- 
tion of  micro-regions  of  aggregates  of  primary 
polymer  chains.  The  high  crosslink-density  regions 
have  been  reported  to  be  only  weakly  attached  to 
the  surrounding  matrix  [43,44, 46] , and  their  size 
varies  with  cure  conditions  [43] , proximity  of 
surfaces  [46,  53]  and  the  presence  of  solvents 
[24,45], 

The  relation  between  the  network  structure, 
microvoid  characteristics  and  failure  processes 
of  epoxies  has  received  little  attention.  Localized 
plastic  flow  has  been  reported  to  occur  during  the 
failure  processes  of  epoxies  [49,  51,  57-65]  ,and 
in  a number  of  cases,  the  fracture  energies  have 
been  reported  to  be  a factor  of  2 to  3 times  greater 
than  the  expected  theoretical  estimate  for  purely 
brittle  fracture  [57, 58,62,64, 66-72] . 

No  systematic  studies,  however,  have  been 
made  to  elucidate  the  microscopic  flow  processes 


that  occur  during  the  deformation  of  epoxies  and 
the  relation  of  such  (low  processes  to  the  network 
structure.  Fracture  topography  studies  on  the 
effect  of  monomer  crystallization  and  cure  con- 
ditions on  the  physical  structure  and  tensile 
mechanical  response  of  polyamide-cured  bisphenol- 
A-diglycidyl  (DGEBA)  epoxies  led  us  to  conclude 
that  these  glasses  fail  by  void  growth  and  coalesc- 
ence through  a simultaneously  growing  craze  [65 1 . 

In  this  study,  our  objective  was  to  elucidate  the 
microscopic  failure  processes  of  amine-cured 
DGEBA  epoxies  and  to  determine  how  the  net- 
work structure  contributes  to  these  processes. 
Bright-field  transmission  electron  microscopy  of 
thin  films  and  carbon -platinum  surface  replicas 
was  used  to  study  the  network  morphology  of 
these  glasses.  The  failure  processes  were  monitored 
by  optical  and  electron  microscopy  of  the  fracture 
topographies  and  edges  of  epoxy  specimens 
fractured  in  tension  as  a function  of  temperature 
and  strain-rate,  and  of  thin  epoxy  films  deformed 
on  a metal  substrate.  In  addition,  epoxy  films  were 
strained  directly  in  the  electron  microscope,  and 
the  failure  processes  were  monitored  by  bright- 
field  microscopy. 

2.  Experimental 

2.1 . Materials  and  sample  preparation 
DER  332  (Dow)  pure  bisphenol-A-diglycidyl  ether 
epoxide  monomer  (DGEBA)  was  used  in  this 
study.  An  aliphatic  amine,  diethylene  triamine 
DETA  (Eastman),  containing  both  primary  and 
secondary  amines,  was  used  as  the  curing  agent. 

Prior  to  mixing,  both  the  DGEBA  and  DETA 
monomers  were  exposed  to  vacuum  to  remove 
absorbed  water.  The  DGEBA  epoxy  monomer 
was  also  heated  to  60°  C to  melt  any  crystals 
present  [65]  and  then  was  immediately  mixed 
with  the  curing  agent  at  room  temperature.  Each 
type  of  epoxy  specimen  was  cured  at  room  tem- 
perature for  24  h and  then  in  a vacuum  at  1 50°  C 
for  24h.  Epoxies  with  three  different  epoxy: 
amine  ratios  were  prepared ; namely  9,  11  and  13 
parts  per  hundred  by  weight  (phr)  DETA.  (The 
stoichiometric  mixture  for  the  DGEBA-DETA 
system  is  ~ 1 1 phr  DETA  [73] . This  compo- 
sition was  determined  by  assuming  that  all  amine 
hydrogens  react  with  epoxide  groups  in  absence  of 
side  reactions.) 

For  the  fracture  topography  specimens,  a 0.75 
mm  thick  sheet  of  each  epoxy  mixture  was  pre- 
pared between  glass  plates  separated  by  Teflon 
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spacers.  A release  agent  (Crown  3070)  was  used 
to  facilitate  the  removal  of  the  partially  cured 
epoxy  sheets  from  the  glass  plates.  Dogbone- 
shaped specimens,  suitable  for  tensile  fracture, 
were  machined  to  a 2.5  cm  gauge  length  and  a 
width  of  0.3  cm  within  the  gauge  length  from  the 
cured  sheets;  the  edges  were  polished  along  the 
gauge  length. 

Epoxy  films  0.1  mm  thick  for  deformation  on 
a brass  substrate  were  prepared  by  pouring  the 
initial  unreacted  epoxy-amine  mixture  directly 
on  to  a brass  substrate.  After  post -curing,  a rec- 
tangular specimen,  suitable  for  straining  in  a tensile 
tester,  was  cut  from  the  sheet. 

Epoxy  films  ~ 1 pm  thick,  suitable  for  straining 
directly  in  the  electron  microscope  were  cast 
between  salt  crystals.  After  post -curing,  the  crystals 
were  dissolved  in  water  and  the  film  was  washed 
with  distilled  water.  Specimens  2 mm  square  were 
cut  from  the  epoxy  film.  Thinner,  ~ lOOnm  thick 
films  were  prepared  by  a similar  procedure  for 
morphology  studies. 

2.2.  Experimental 

For  the  fracture  topography  studies,  dogbone- 
shaped specimens  were  fractured  in  tension  in  a 
tensile  tester  (Instron  TM-S-1 130)  in  the  crosshead 
speed  range  of  0.05  to  5.0  cm  min'1  from  23  to 
1 10°  C.  A scanning  reflection  electron  microscope 
(JEOL  model  JEM-1 00 B)  and  optical  microscope 
(Zeiss  Ultraphot  II)  were  used  for  fracture  topo- 
graphy studies.  For  the  SEM  studies,  the  fracture 
surfaces  were  coated  with  gold  while  the  sample 
was  rotated  in  vacuum. 

The  epoxy  films  that  adhered  to  the  metal 
substrate  were  strained  on  the  tensile  tester  at  a 


strain-rate  of  ~3  x I0'2  min'1.  After  removal  of 
the  stress,  the  deformation  processes  in  the  epoxy 
film  were  monitored  by  dark-field  reflection 
optical  microscopy  and  bright-field  transmission 
electron  microscopy  of  one-stage  carbon- plati- 
num surface  replicas. 

Bright-field  transmission  electron  microscopy 
was  used  to  monitor  the  failure  processes  of  the 
~ 1 pm  thick  films  that  were  strained  directly  in 
the  electron  microscope.  The  2 mm  square  epoxy 
specimens  were  fastened  to  standard  cartridge 
specimen  holders  with  Duco  Cement  (E. I.  duPont). 
The  specimen  holder  was  attached  to  an  EM-SEH 
specimen  elongation  holder  which  was  introduced 
into  the  microscope  through  the  side  entry  gonio- 
meter. The  specimens  were  deformed  in  the  micro- 
scope at  a strain-rate  of  ~ 10'2  min'1 . 

The  network  morphology  of  the  epoxies  was 
monitored  by  (1)  one-stage  carbon— platinum 
surface  replicas  of  leached  (3  h in  acetone)  and 
non-leached  surfaces  of  the  epoxy  films  fastened 
to  a brass  substrate  and  (2)  bright-field  trans- 
mission electron  microscopy  of  ~ lOOnm  thick 
films. 

3.  Results  and  discussion 
3.1.  Morphology 

Structural  heterogeneity  was  observed  in  the 
DGEBA-DETA  epoxy  systems.  The  carbon- 
platinum  surface  replica  of  a free  epoxy  surface 
shown  in  Fig.  la  reveals  20  to  35  nm  diameter 
particles  and  aggregates  of  these  particles  pro- 
truding above  the  general  surface  contour,  but 
such  structures  occurred  only  in  patches  and  did 
not  cover  the  entire  surface  of  the  DGEBA-DETA 
epoxies. 


Figure  / Carbon-platinum  surface  replica  of  (a)  DGEBA-DETA  (11  phr  DETA)  epoxy  surface  and  (b)  DGEBA-DETA 
(11  phr  DETA)  epoxy  surface  that  was  leached  with  acetone  for  3 h. 
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In  an  attempt  to  reveal  regions  of  high  crosslink 
density,  epoxy  surfaces  were  leached  with  acetone 
#-  tor  3 h.  The  organic  solvent  preferentially  dissolves 

j low  molecular  weight  non-crosslinked  material 

present  on  the  surface.  A carbon  platinum  surface 
replica  of  such  an  acetone-leached  epoxy  surface  is 
shown  in  Fig.  lb.  The  general  surface  roughness 
could  be  interpreted  either  in  terms  of  indistinct 
20  to  35  nm  particles,  or  a surface  wrinkling 
caused  by  solvent-induced  relaxation  of  surface 
fabrication  stresses. 


Figure  2 Bright-field  transmission  electron  micrograph 
illustrating  regions  of  ~ 30  nm  diameter  particles  in 
DGEBA-DETA  (1 3 phr  DETA)  epoxy  film. 


Bright-field  transmission  electron  microscopy 
revealed  regions  consisting  of  spherical  particles  of 
~30nm  diameter.  These  particles,  which  appear 
dark  in  the  micrograph,  ire  shown  in  Fig.  2.  We 
suggest  that  the  clarity  of  these  particles  in  bright- 
field  TEM  results  from  surface  emission  phenom- 
ena. These  surface  effects  have  allowed  the  clear 
detection  of  surface  microvoids  1 to  2 nm  in  diam- 
eter (which  appear  white  in  the  micrograph)  and 
their  associated  1 to  2nm  wide  dark  shear  bands 
in  a strained  polyimide  film  [17] . We  suggest  that 
the  surface  emission  effects  result  from  a charge 
accumulating  on  the  top  surface  of  the  film  [17] , 
which  may  preferentially  allow  detection  of  any 
particles  protruding  above  the  general  surface 
contour.  The  particles  illustrated  in  Fig.  2 occur 
only  in  patches  and  were  not  observed  in  all  the 
epoxy  specimens  investigated.  The  structure  of 
these  particles  is  discussed  in  Section  3.3. 

3.2.  Failure  processes  of  films  strained  on 
a metal  substrate 

To  elucidate  the  epoxy  failure  processes,  0.1  mm 
thick  films  were  adhered  to  a brass  substrate  and 
strained  ~10%  in  tension.  After  removal  of  the 


Figure  3 Carbon -platinum  surtace  replicas  of  craze 
structure  in  DGEBA-DETA  (11  phr  DETA)  epoxy  films 
that  were  strained  on  a metal  substrate. 


Figure  4 Dark-field  reflection  optical  micrograph  of  voids 
and  crazes  in  DGEBA-DETA  (1 1 phr  DETA)  epoxy  film 
that  was  strained  on  a metal  substrate. 


stress,  one-stage  carbon-platinum  surface  replicas 
of  the  epoxy  film  revealed  the  presence  of  crazes. 
The  replicas  in  Figs.  3a  and  b illustrate  the  craze 
structure.  The  absence  of  any  carbon-platinum 
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Figure  5 Bright-field  transmission  electron  micrographs  of  (a)  an  overall  craze  and  (b)  a craze  tip  in  DGFBA-DETA 
(13  phr  DETA)  epoxy. 


Figure  6 Bright-field  transmission  electron  micrographs  of  craze  fibril  structure  in  DGFBA-DETA  (1  3 phr  DETA)  epoxy, 
epoxy. 


particles  within  regions  of  the  craze  fibrils  indicates 
a thin  epoxy  layer  adhered  to  the  replica.  At  the 
craze  tip,  ~ 10  nm  diameter  voids  are  produced  by 
the  tensile  dilatational  stress  fields  (Fig.  3a).  These 
voids  coalesce  to  form  larger  voids  ^~100nm 
diameter  separated  by  20  to  100  nm  diameter 
fibrils.  Further  from  the  craze  tip,  the  fibrils 
fracture  as  their  length  approaches  ~100nm.The 
latter  phenomena  may  be  a consequence  of  the 
poor  structural  integrity  of  the  replica. 

The  crazes  present  in  the  epoxy  film  can  also 
be  detected  by  dark-field  reflection  optical  micTo- 
scopy.  In  Fig.  4 the  optical  micrograph  illustrates 
voids  and  crazes  in  the  epoxy  film. 

3.3.  Failure  processes  and  structure  of 
epoxy  films  strained  directly  in  the 
electron  microscope 

Significant  information  on  the  failure  processes 
and  structure  of  DGEBA  DF.TA  epoxies  was 
found  from  bright-field  transmission  electron 
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micrographs  of  ~ 1 pm  thick  epoxy  films  strained 
directly  in  the  microscope.  An  overall  view  of  a 
craze  consisting  of  coarse  100  to  1000  nm  wide 
fibrils,  produced  by  straining  a film  in  the  electron 
microscope,  is  shown  in  the  bright-field  TEM  in 
Fig.  5a.  The  region  near  the  craze  tip  is  shown  in 
more  detail  in  Fig.  5b.  The  structure  of  the  coarse 
~ lOOOnm  wide  craze  fibril  in  Fig.  5a  is  illustrated 
in  more  detail  in  Figs.  6a  and  b.  These  micrographs 
reveal  that  the  epoxy  deforms  inhomogeneously 
within  the  craze  fibril  (Fig.  6a)  and  breaks  up  into 
6 to  9nm  diameter  particles.  A network  structure 
of  interconnected  6 to  9nm  particles  within  the 
region  of  the  craze  fibril  is  illustrated  in  Fig.  6b. 
Bright-field  TEMs  of  the  epoxy  network  structure 
are  shown  in  more  detail  at  higher  magnifications 
in  Figs.  7a,  b and  c. 

From  studies  on  a number  of  DGEBA  DETA 
epoxy  films,  further  evidence  was  found  that  these 
glasses  deform  inhomogeneously  on  a microscopic 
scale  and  that  6 to  9 nm  particles  remain  intact 
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and  flow  past  one  another.  Prior  to  deformation, 
the  deformed  film  illustrated  in  Fig.  8a  exhibited 
a uniform  contrast  in  bright-field  microscopy, 
however,  on  deformation,  this  film  broke  up 
inhomogeneously.  Fig.  8b  illustrates  a region  that 


Figure  7 Bright-field  transmission  electron  micrographs  of 
network  structure  in  deformed  DGEBA-DETA  (13  phr 
DETA)  epoxies. 


Figure  8 Bright-field  transmission  electron  micrographs  of 
epoxy  films. 


has  flowed  near  the  edge  of  an  epoxy  film.  Particles 
6 to  9 nm  in  diameter  are  evident  throughout  this 
deformed  region. 

The  basic  6 to  9nm  diameter  particles  shown  in 
Figs.  6 to  8 are  in  the  size  range  associated  with 
molecular  domains.  For  crystallizable  polymers, 
Wunderlich  and  Mehta  [74)  and  Aharoni  1 75 ) 
presented  theories  in  which  the  initial  step  of 
crystallization  from  the  melt  and  solution  occurs 
by  formation  of  ordered  molecular  domains. 
Ordered  nodules,  5 to  6 nm  in  diameter,  the  size 
of  molecular  domains,  have  been  observed  in  thin 
films  and  on  the  surfaces  of  polycarbonate  [19. 
76 ) . We  suggest  that  the  6 to  9nm  diameter 
particles  illustrated  in  Figs.  7a,  b and  c are  molecu- 
lar domains  which  are  intramolecularly  crosslinked 
and  which  form  during  the  initial  stages  of  poly- 
merization. In  certain  regions  of  the  epoxies,  these 
domains  are  interconnected  to  form  a network 
during  the  later  stages  of  the  cure  process.  This 
hypothesis  assumes  that  intramolecular  cross- 
linking  occurs  in  the  early  polymerization  stages. 
For  solution -phase  condensation  crosslinking. 
Flory  [77]  considered  intramolecular  crosslinking 
insignificant  prior  to  gelation.  Other  workers, 
however,  caution  that  in  many  thermoset  systems, 
intramolecular  crosslinking  could  occur  to  a 
significant  extent  prior  to  gelation  [78-80] . The 
ability  of  the  suggested  6 to  9 nm  diameter  mol- 
ecular domains  to  remain  intact  during  the  flow 
processes  suggests  that  intramolecular  crosslinking 
has  occurred  within  the  domains.  Particles  the  size 
of  molecular  domains  were  not  observed  when 
non-crosslinked  polyimide  films  were  deformed 
directly  in  the  electron  microscope  [81].  The 
formation  of  the  intramolecularly  crosslinked 
domains  could  be  explained  by  the  inability  of 


deformed  regions  within  DGEBA-DETA  (13  phr  DETA) 
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Figure  9 Bright-field  transmission  electron  micrographs  of  strained  DGEBA-DETA  (9  phr  DETA)  epoxy  illustrating  (a) 
aggregates  of  6 to  9 nm  particles  and  (b)  the  presence  of  these  aggregates  at  the  craze -matrix  boundary  interface. 


unreacted  epoxy  and  arnine  species  attached  to  a 
growing  domain  to  diffuse  to  active  species  attached 
to  neighbouring  domains.  These  species  would, 
therefore,  only  be  able  to  react  with  active  species 
in  their  immediate  location.  Chompff  [82]  has 
recently  noted  that  configurational  restrictions 
could  lead  to  excessive  intramolecular  crosslinking. 

Aggregates,  20  to  35  nm  in  diameter,  of  the  6 
to  9 nm  particles  were  observed  by  bright-field 
TEM  studies  of  strained  ~100nm  thick  epoxy 
films.  Such  aggregates  are  shown  in  Fig.  9a:  their 
size  is  similar  to  that  of  structures  found  on  epoxy 
surfaces  and  in  thin  films  (see  Section  3.1).  We, 
therefore,  suggest  that  structures  larger  than 
~10nm  found  in  epoxies  could  be  aggregates  of 
smaller  particles. 

The  craze  present  in  the  bottom  left  of  Fig.  9a 
is  illustrated  in  more  detail  in  Fig.  9b.  This  micro- 
graph shows  that  20  to  35  nm  diameter  aggregates 
are  present  at  the  craze-matrix  boundary  inter- 
face, which  suggests  that  the  craze  fibrillation 
process  may  be  inhibited  by  these  aggregates.  The 
inhibition  of  the  drawing  of  new  material  across 
the  craze-matrix  boundary  interface  increases  the 
possibility  of  strain-hardening  and  fracture  of  the 
fibrils  and  would,  therefore,  enhance  crack  propa- 
gation. 

The  interconnection  of  molecular  domains  by 
regions  of  either  low  or  high  crosslink  density 
allows  the  possibility  of  two  types  of  network 
structure:  (1)  regions  of  high  crosslink  density 
embedded  in  a low-  or  non-crosslinked  matrix  or 
(2)  non-crosslinked  or  low  crosslink  density 
regions  embedded  in  a high  crosslink  density 
matrix.  From  straining  films  in  the  electron 


microscope,  we  observed  both  types  of  network 
morphology;  the  second  type  was  more  prevalent. 
An  example  of  the  first  type  of  morphology  is 
illustrated  in  Fig.  9a  where  aggregates  of  high 
crosslink  density  particles  are  embedded  in  a 
deformable  low  crosslink  density  matrix.  Defor- 
mation of  this  type  of  network  involves  preferen- 
tial deformation  of  the  regions  of  low  crosslink 
density  without  causing  cleavage  of  the  highly 
crosslinked  regions,  as  apparently  occurs  in  the 
craze  in  Fig.  9b.  The  deformation  process  is  more 
complex  for  the  second  type  of  network.  Local 
affine  deformation  requires  network  cleavage  and 
flow  to  occur  in  the  high  crosslink  density  region 
simultaneously  as  flow  with  little  network  cleavage 
occurs  in  the  neighbouring  low  crosslink  density 
regions.  This  deformation  process  results  in 
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Figure  10  Bright-field  transmission  electron  micrograph 
illustrating  strained  network  of  DGEBA-DETA  (13  phr 
DETA)  epoxy  in  which  the  high  crosslink  density  regions 
form  the  continuous  phase  in  the  network. 
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progressively  larger  regions  that  are  poorly  cross- 
linked.  Such  a deformed  network  structure  is 
illustrated  in  the  bright-field  TFM  of  a strained 
DGEBA— DETA  epoxy  film  in  Fig.  10.  The  dark 
network  structure  in  Fig.  10  consists  of  6 todnm 
diameter  interconnected  domains  separated  by  low 
crosslinked  and/or  thinned  regions  of  the  network 
which  appear  light  in  the  micrograph.  The  network 
is  more  dense  in  the  bottom  right  of  the  micro- 
graph than  in  the  upper  portion  which  suggests 
that  more  deformation  has  occurred  in  the  latter 
region. 

It  is  surprising  that  the  DGEBA-DETA  epoxies 


exhibit  considerable  microscopic  flow  because 
these  glasses  are  prepared  from  approximately 
stoichiometric  epoxy-amine  mixtures  which 
should  produce  highly  crosslinked  glasses.  This 
suggests  that  many  reactive  groups  remain  unreac- 
ted within  these  epoxies  because  of  diffusion  and 
steric  restrictions  imposed  during  polymerization 
and  network  formation. 

3.4.  Edge  deformation 

The  failures  of  the  majority  of  the  0.75  mm  thick 
epoxy  dogbones,  that  were  fractured  in  tension  as 
a function  of  strain-rate  and  temperature,  initiated 
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Figure  11  Scanning  electron  micrographs  of  edge  microcracking  in  DGEBA-DETA  (13  phr  DETA)  epoxy  that  was 
fractured  at  77°  C at  a strain-rate  of  10~J  min'1 . (Applied  tensile  stress  direction  indicated  by  the  arrow.) 
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Figure  12  Scanning  electron  micrographs  illustrating  platelet  structure  at  the  edge  of  DGEBA-DETA  (13  phr  DETA) 
epoxy  that  was  fractured  at  77°  C at  a strain  rate  of  - 10"’  min"1 . (Applied  tensile  stress  direction  indicated  by  the 
arrow.) 
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at  the  specimen  edge.  The  edges  of  the  fractured 
specimens  were  investigated  by  scanning  electron 
microscopy.  The  SEMs  in  Figs.  1 la  and  b exhibit 
many  irregular  fine  cracks  which  were  not  necess- 
arily perpendicular  to  the  applied  tensile  stress 
whose  direction  is  indicated  by  the  arrow.  The 
irregularity  of  these  cracks  suggests  that  their 
growth  is  affected  either  by  heterogeneities  in  the 
epoxy  structure,  which  allow  preferential  paths  for 
crack  propagation,  or  by  surface  fabrication 
stresses.  We  suggest  that  the  cavity  in  the  centre  of 
Fig.  11a  could  be  a coarse  craze  in  its  initial  stages. 
No  well-defined  crazes  were  found,  however,  at 
the  specimen  edges.  In  a number  of  the  edges  of 
fractured  specimens,  we  observed  a platelet-like 
structure  in  the  vicinity  of  a poorly  developed 
crack  or  craze  as  shown  in  Figs.  12a  and  b.  Such 
structures  are  probably  formed  by  the  tearing  and 
shearing  past  one  another  of  regions  originally 
interconnected  by  structurally  weak  planes.  These 
observations  also  indicate  the  heterogeneous 
structure  of  these  glasses. 

3.5.  Fracture  topographies 
The  fracture  topographies  of  DGEBA-DETA 
epoxies  fractured  as  a function  of  temperature  and 
strain  rate  were  studied  by  optical  and  scanning 
electron  microscopy.  An  optical  micrograph, 
shown  in  Fig.  13,  illustrates  the  three  character- 
istic topography  regions  observed  in  these  epoxies: 
(1)  a coarse  initiation  region  (dark  area  in  centre 
of  smooth  region),  (2)  a slow  crack-growth, 
smooth,  mirror-like  region  and  (3)  a fast  crack- 
growth,  rough,  parabola  region.  The  topographies 
vary  with  temperature  and  strain-rate,  with  the 
mirror-like  region  covering  a larger  portion  of  the 
fracture  surface  with  increasing  temperature 
and/or  decreasing  strain  rate. 

The  coarse  initiation  region  is  often  found 
within  a cavity  as  indicated  by  a cusp  in  the 
fracture  topography  which  separates  this  region 
from  the  surrounding  smooth  mirror-like  region. 
The  coarse  structure  can  cover  a relatively  small 
region  in  the  centre  of  the  initiation  cavity,  or  it 
can  cover  the  entire  cavity  or  irregularly  cover 
parts  of  the  cavity.  The  SEM  in  Fig.  14  illustrates 
a portion  of  the  cavity  cusp  and  coarse  regions 
irregularly  covering  parts  of  the  cavity. 

The  structure  of  the  coarse  topography  in  the 
initiation  region  exhibited  little  consistency  among 
samples  or  with  varying  temperatures  and  strain- 
rates.  A typical  range  of  topographies  observed  in 
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Figure  13  Optical  micrograph  of  overall  fracture 
topography  of  DGEBA-DETA  (1 1 phr  DETA)  epoxy 
fractured  at  room-temperature  at  a strain  rate  of 
~ 10"1  min'1 . 


Figure  14  Scanning  electron  micrograph  of  fracture 
topography  initiation  cavity  irregularly  covered  with  a 
coarse  topography  of  DGEBA-DETA  (1 1 phr  DETA) 
epoxy  fractured  at  room  temperature  at  a strain  rate  of 
~ 10"1  min"1 . 

the  initiation  region  is  illustrated  by  SEM  in  Figs. 
15  to  19.  The  mica-like  structure  illustrated  in 
Fig.  15  becomes  progressively  more  nodular  in 
character  in  Figs.  16  and  17.  A collapsed  fibrillar 
topography  was  also  observed  in  the  initiation 
region  as  illustrated  in  Fig.  18.  At  temperatures 
near  Tg  (i.e.,  at  Tt  — 25°  C),  the  fracture  initiation 
region  in  the  DGEBA-DETA  epoxies  is  non- 
existent and/or  much  smoother  than  at  lower 
fracture  temperatures,  as  illustrated  in  Fig.  19. 

The  fracture  topography  initiation  region 
characteristics  can  be  explained  in  terms  of  a 
crazing  failure  process.  Murray  and  Hull  [83] 
have  reported  that  void  growth  and  coalescence 
within  a craze  produce  a planar  cavity  whose 
thickness  is  that  of  the  craze.  A mica-like 
structure  in  the  slow  crack-growth  fracture 
topography  of  polymer  glasses  is  generally 
associated  with  crack  propagation  through  pre- 
existing craze  material  [84) . Murray  and  Hull 
[83]  and  Comes  and  Haward  [85]  have  observed 
irregularly  furrowed  or  rumpled  surfaces  within 
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Figure  15  Scanning  electron  micrograph  of  mica-like  structure  in  the  fracture  topography  initiation  region  of  DGEBA 
DETA  (9  phr  DETA)  epoxy  fractured  at  56°  C at  a strain  rate  of  - 10~2  min'1  . 


region  in  epoxies  results  from  void  growth  and 
coalescence  through  the  centre  of  a simultaneously 
growing,  poorly  developed  craze,  which  consists  of 
coarse  fibrils.  The  diameter  of  the  broken  fibrils 
depends  on  the  relative  rates  of  craze  and  void 
growth.  The  200  to  500  nm  diameter  nodular 
particles  illustrated  in  Fig.  17  and  fibrillar  struc- 
tures that  lie  parallel  to  the  fracture  surface  in 
Fig.  18  are  associated  with  fractured  craze  fibrils. 
Doyle  (88,  89  ( and  Hoare  and  Hull  (90  ( have 
reported  broken  fibrils  that  lie  parallel  to  the 
fracture  surface  in  polystyrene  and  have  suggested 
that  these  fibrils  are  swept  down  on  to  the  fracture 
surface  as  the  crack  passes  through  the  craze.  We 
cannot  preclude,  however,  that  the  mica-like 
structure  such  as  that  observed  in  Fig.  15,  results 
from  the  coalescence  of  a bundle  of  parallel 
microcrazes  situated  in  slightly  different  planes 
rather  than  directly  from  the  fracture  of  poorly 
formed  coarse  craze  fibrils.  Skibo  et  al.  (91] 
suggested  that  the  mica-like  structure  they 
observed  in  the  non-initiation  region  of  the 
fatigue-fracture  topography  of  polystyrene  is  a 
result  of  the  intersection  of  the  crack  plane  with 
initiation  cavities  in  polystyrene  and  poIy(vinyl  craze  bundles.  The  more  nodular-like  topographies 
chloride)  respectively.  Furthermore,  there  is  shown  in  Figs.  16  and  17  are  similar  to  those 
evidence  from  studies  on  polystyrene  that  the  observed  in  the  fracture  topographies  of  certain 
initial  stages  of  void  growth  and  coalescence  multiphase  metals  [92]  and  poly(viny]  chloride) 

within  a craze  involve  fracture  through  the  centre  [93-95],  In  poly(vinyl  chloride),  this  structure 

of  the  craze  [86,  87] . In  addition,  the  coarseness  has  been  associated  with  the  particulate  nature  of 

of  the  craze  fibrils  has  been  reported  to  decrease  the  polymer  as  a result  of  imperfect  melting  of 

with  increasing  craze  width  and  thickness  [87] . resin  particles  [93-95 1 . Hence,  we  also  cannot 
These  facts  suggest  that  the  coarse  initiation  preclude  that  any  heterogeneity  in  the  epoxy 
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Figure  16  Scanning  electron  micrograph  of  nodular- 
mica-like  structure  in  the  fracture  topography  initiation 
region  of  DGEBA-DETA  (1 1 phr  DETA)  epoxy  fractured 
at  71°  C at  a strain  rate  of  - 10'1  min'1 . 
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Figure  1 7 Scanning  electron  micrographs  of  nodular  structure  in  the  fracture  topography  initiation  regions  of  (a) 
DGEBA-DETA  (1 1 phr  DETA)  epoxy  fractured  at  room  temperature  at  a strain-rate  of  - 10'!  min'1  and  (b)  DGEBA- 
DETA  (13  phr  DETA)  epoxy  fractured  at  77°  C at  a strain  rate  of  ~ 1 min'1 . 


Figure  18  Scanning  electron  micrographs  of  collapsed 
fibrillar  structure  in  the  fracture  topography  initiation 
region  of  DGEBA  - DETA  (9  phr  DETA)  epoxy  fractured 
at  56°  C at  a strain  rate  of  ~ 1 0"’  min'1  . 


Figure  1 9 Scanning  electron  micrograph  of  relatively 
smooth  fracture  topography  initiation  region  of  DGEBA- 
DETA  (13  phr  DETA1  epoxy  fractured  at  102°  C at  a 
strain  rate  of  ~ 10'1  min'1 . 

structure  could  be  partially  responsible  for  the 
topographies  observed  in  Figs.  I 5 to  10. 

The  variation  in  the  fracture  topography 
initiation  region  which  did  not  exhibit  consistent 
trends  with  strain-rate  and  temperature,  except  for 
the  disappearance  or  smoothening  of  the  coarse 
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topographies  in  those  specimens  fractured  near  Tt, 
is  a result  of  a number  of  factors:  (1)  the  relative 
rates  of  crack  and  craze  propagation,  (2)  the  craze 
structure  immediately  prior  to  crack  propagation 
through  the  craze,  (3)  the  modification  of  the 
craze  structure  by  crack  propagation,  (4)  the 
collapsing  and  relaxation  of  the  craze  remnants 
after  crack  propagation  and  (5)  the  variation  in  the 
local  stress  fields  in  the  vicinity  of  a growing  craze 
or  crack  which  depends  on  the  microvoid  charac- 
teristics of  the  epoxy. 

The  smooth  mirror-like  region  of  the  fracture 
topography  of  DGEBA-DETA epoxies,  whose  area 
increases  with  increasing  temperature  and  decreas- 
ing strain-rate,  can  be  attributed  to  a crazing 
process.  For  other  polymers,  this  region  has  been 
associated  with  slow  crack-growth,  and  its  size 
varies  with  temperature,  molecular  weight  and 
strain-rate  [96-99) . In  studies  on  polyester  resins, 
Owen  and  Rose  [100]  report  that  the  mirror-like 
area  increases  with  resin  flexibility.  A number  of 
workers  have  associated  this  smooth  fracture 
topography  region  with  slow  crack-propagation 
through  the  median  of  the  craze  with  subsequent 
relaxation  of  craze  remnants  [83,84,89,90,  101, 
102].  El-Hakeem  et  al.  [102]  directly  observed 
the  masking  of  the  microfeatures  of  this  fracture 
topography  region  by  the  subsequent  relaxation 
processes.  The  smoothness  of  the  fracture  top- 
ography region  surrounding  the  coarse  initiation 
region  in  DGEBA-DETA  epoxies  results  from 
crack  propagation  either  through  the  centre  or 
along  the  craze-matrix  boundary  interface  of  a 
thick,  well-developed  craze  consisting  of  fine 
fibrils.  The  presence  of  fine  fibrils  would  produce 
a smoother  fracture  topography  than  in  the  coarse 
initiation  region,  irrespective  of  any  subsequent 
relaxation  of  craze  remnants.  One-stage  carbon- 
platinum  surface  replicas  of  the  mirror-like  region 
reveal  areas  consisting  of  15  to  30  nm  diameter 
particles,  as  illustrated  in  Fig.  20.  The  granular 
appearance  of  the  replica  could  be  the  result  of 
fractured  fine  fibrils  aligned  normal  to  the  surface. 
However,  it  is  also  possible  that  such  structures  are 
indeed  regions  of  high  crosslink  density.  The 
extent  of  the  mirror-like  region  is  a measure  of  the 
area  in  which  crack  propagation  occurs  through  a 
preformed  craze  [83].  For  a fracture  surface 
completely  covered  by  the  mirror-like  region, 
crazes  have  grown  completely  across  the  specimen 
prior  to  any  significant  crack  propagation  [90], 
Hoare  and  Hull  [90]  have  suggested  that  this  area 


Figure  20  Carbon -platinum  surface  replica  illustrating 
granular  appearance  of  mirror-like  fracture  topography 
region  of  DGEBA-DETA  (9  phr  DETA)  epoxy  which  was 
fractured  at  56°  C at  a strain  rate  of  ~ 10"*  min*1 . 

depends  on  the  ease  of  cavitation  and  crack 
propagation  within  the  craze,  the  rate  of  craze 
nucleation  and  growth  and  the  concentration  of 
crazes.  The  decrease  in  the  crazing  stress  with 
increasing  temperature  and/or  decreasing  strain- 
rate  favours  simultaneous  craze  and  crack  growth 
which  results  in  a larger  mirror-like  region. 

River  markings  which  radiate  from  the  fracture 
initiation  site  are  also  observed  in  the  mirror-like 
region  as  illustrated  in  Fig.  13.  These  markings, 
which  vary  from  one  r oxy  specimen  to  another, 
are  steps  formed  by  the  subdivision  of  the  main 
crack  into  segments  running  on  parallel  planes. 
This  subdivision  could  result  from  the  interaction 
of  the  crack  front  with  the  craze  structure.  Owen 
and  Rose  [100]  found  that  the  river  markings 
become  more  ordered  and  regular  as  the  flexi- 
bility, and  therefore  the  ability  to  undergo  crazing 
in  polyester  resins,  is  enhanced. 

Interference  colours,  often  observed  in  the 
mirror-like  region  of  non-crosslinked  polymer 
glasses  [4] , were  not  evident  in  the  fracture 
topography  of  DGEBA-DETA  epoxies.  Broutman 
and  McGarry  [57]  also  found  that  interference 
colours  are  absent  in  the  fracture  surfaces  of 
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crosslinked  polymethylmethacrylates.  They 
suggested  that  the  thickness  of  the  craze  or  craze 
remnants  in  the  mirror-like  regions  of  these  cross- 
linked  glasses  is  not  large  enough  to  cause  inter- 
ference with  visible  ligh'.  A similar  explanation 
could  be  advanced  for  epoxies  where  the  presence 
of  crosslinking  presumably  inhibits  the  develop- 
ment of  thick  crazes. 

4.  Conclusions 

(I)  From  electron  microscopy  studies,  DGEBA 
DF.TA  epoxies  were  found  to  consist  of  6 to  Onnt 
diameter  particles  which  remain  intact  when  flow 
occurs  in  these  glasses.  It  is  suggested  that  these 
particles  are  intramolecularly  crosslinked  mol- 
ecular domains.  The  6 to  Onm  diameter  particles 
interconnect  to  form  larger  20  to  35  nm  diameter 
aggregates  which  are  observed  in  patches  on  sur- 
faces and  in  thin  films  of  DGEBA-DETA  epoxies. 
Two  types  of  network  structures  were  observed 
from  straining  thin  DGEBA-DETA  epoxy  films  in 
the  electron  microscope:  (a)  regions  of  high  cross- 
link density  embedded  in  a low-  or  non-crosslinked 
matrix  and  (b)  low-  or  non-crosslink  density 
regions  embedded  in  a high  crosslinked  density 
matrix. 

(2)  The  mode  of  deformation  and  failure  in 
DGEBA-DETA  epoxy  films,  either  when  strained 
directly  in  the  electron  microscope  or  on  a metal 
substrate,  was  a crazing  process. 

(3)  The  flow  processes  that  occur  during  defor- 
mation of  DGEBA-DETA  epoxy  films  strained  in 
the  electron  microscope  depend  on  the  network 
structure.  Deformation  of  a network  consisting  of 
high  crosslink  density  particles  embedded  in  a 
deformable  low  crosslink  density  matrix  occurs  by 
preferential  deformation  of  the  low  crosslink 
density  regions  without  causing  cleavage  of  the 
high  crosslink  density  regions.  However,  defor- 
mation of  a network  consisting  of  low  crosslink 
density  regions  embedded  in  a high  crosslink 
density  matrix  must  involve  network  cleavage  and 
flow  in  the  high  crosslink  density  regions  simul- 
taneously as  flow  with  little  network  cleavage 
occurs  in  the  neighbouring  low  crosslink  density 
regions. 

(4)  The  fracture  topographies  of  bulk  DGEBA- 
DETA  epoxy  glasses  fractured  as  a function  of 
temperature  and  strain  rate  can  be  interpreted  in 
terms  of  a crazing  failure  process.  The  coarse 
structures  observed  in  the  fracture  topography 
initiation  regions  result  from  void  growth  and 
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coalescence  through  the  centre  of  a simultaneously 
growing  poorly  developed  craze  consisting  of 
coarse  fibrils.  The  surrounding  smooth  slow  crack- 
growth  mirror-like  region  results  from  crack 
propagation  either  through  the  centre  or  along  the 
craze  matrix  boundary  interface  of  a thick,  well- 
developed  craze  consisting  of  fine  fibrils. 
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I.  INTRODUCTION 

Epoxies  are  utilized  by  the  aerospace  industry  primarily  in  the  form  of  ma- 
trices lor  composite  materials  and  as  adhesives.  The  increasing  use  of  epoxies 
requires  a knowledge  ol  their  litetimes  in  extreme  service  environments.  When 
epoxy  adhesives  and  composites  are  utilized  in  primary  structural  components 
ot  airlrames,  it  is  vital  that  the  durability  of  such  components  be  known  dur- 
ing design  development.  A number  of  laboratory  and  field  studies  have  in- 
dicated that  the  combined  effects  of  sorbed  moisture  and  thermal  environ- 
ment can  cause  significant  changes  in  the  mechanical  response  of  these 
materials  [1.2).  However,  the  long-term,  in-service  durability  of  epoxy  ad- 
hesives and  composites  in  primary  structural  airframe  components  is  unknown 
primarily  because  (1)  long-term,  in-service  aging  characteristics  are  difficult 
to  simulate  by  short-term  laboratory  and/or  field  tests,  and  (2)  the  basic 
phenomena  responsible  for  the  changes  in  the  mechanical  response  in  labora- 
tory-simulated service  environments  have  not  been  identified  and/or  under- 
stood. 

To  predict  the  durability  ol  epoxies  in  a service  environment  with  confi- 
dence requires  knowledge  of  (1 ) the  chemical  structure  and  the  physical  ar- 
rangement of  the  cross-linked  network  structure  in  the  bulk,  (2)  the  molec- 
ular nature  of  the  flow  and  failure  processes,  (3)  the  structural  parameters 
which  control  the  flow  and  failure  processes,  (4)  the  effect  of  the  flow  and 
failure  processes  on  the  mechanical  properties,  and  (5)  how  these  structural 


Fig.  1.  The  basic  epoxy  interrelationships  necessary  for  durability  predic- 
tions. 
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parameters  are  modified  by  fabrication  procedures  and  the  service  environ- 
ment. These  basic  relationships  are  illustrated  in  Fig.  1.  To  predict  the 
durability  of  an  epoxy  in  a specific  environment  requires  identification  of 
the  primary  failure  mode,  if  any,  and  the  structural  phenomena  controlling 
the  initiation  and  growth  characteristics  of  this  mode.  Identification  of  the 
primary  failure  mode,  which  may  be  difficult,  and  subsequent  durability 
predictions  require  a thorough  understanding  of  the  relationships  illustrated 
in  Fig.  1. 

In  this  report  we  review  the  basic  areas  necessary  for  meaningful  durability 
predictions:  ( 1 ) the  structure  of  epoxies;  (2)  their  modes  of  deformation  and 
failure  and  the  structural  parameters  controlling  these  modes;  (3)  the  effects 
of  sorbed  moisture  on  the  epoxy  structure,  properties,  and  modes  of  deforma- 
tion and  failure;  and  (4)  the  complex  fabrication  and  environmental  phenom- 
ena affecting  the  durability  in  service  environments. 


II.  STRUCTURE  OF  EPOXIES 

The  mechanical  response  of  a polymer  glass  depends  on  the  amount  of 
flow  occurring  during  the  failure  process,  either  microscopically  via  crazing 
and/or  shear  banding  or  macroscopically  via  necking  [2-15] . Hence  it  is 
important  to  identify  the  major  structural  parameters  controlling  the  flow 
processes  that  occur  during  deformation  and  failure.  The  major  parameters 
controlling  the  flow  processes  in  uncross-linked  polymer  glasses  are  the  free 
volume  [16-21]  and  the  stress-raising  microvoid  characteristics  of  the  glass 
[19,  22,  23] . For  cross-linked  glasses,  such  as  epoxies,  the  cross-linked  net- 
work structure  is  an  additional  structural  parameter  affecting  the  flow 
processes. 

A.  Networ  < Structure 

Generally,  the  cure  process  and  final  network  structure  of  epoxies  have  been 
estimated  from  (1 ) the  chemistry  of  the  system,  if  the  curing  reactions  are 
known  and  assumed  to  go  to  completion;  and  (2)  experimental  techniques 
such  as  IR  spectra,  swelling,  dynamic  mechanical,  thermal  conductivity, 
and  differential  scanning  calorimetry  measurements  [24-39],  However,  in 
many  epoxy  systems  the  chemical  reactions  are  diffusion  controlled  and 
incomplete,  and  a heterogeneous  distribution  in  the  cross-link  density  occurs. 
Both  of  these  factors  significantly  modify  the  network  structure.  Figure  2 
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Fig.  2.  Epoxy  network  morphologies  [621 . 


schematically  illustrates  possible  network  topographies  of  epoxies  [40,  41, 

62] . An  ideal  uniform  cross-linked  network  structure  is  illustrated  in  Fig. 

2(a).  In  reality,  however,  networks  contain  loops  and  dangling  chain-ends  as 
illustrated  in  Fig.  2(b).  Such  networks  can  exhibit  essentially  a uniform  cross- 
link density  in  a low-molecular-weight  or  cross-link  density  matrix  [Fig.  2(c)] . 
Also,  nonuniform  cross-link  density  networks  in  which  regions  of  high  cross- 
link density  form  either  a continuous  (Fig.  2d)  or  a discontinuous  phase  in  a 
low-molecular-weight  or  cross-link  density  matrix  are  other  possible  network 
morphologies. 

High  cross-link  density  regions  from  6 to  104  nm  in  diameter  have  been 
observed  in  cross-linked  resins  [19,  26,  42-60] . The  conditions  for  formation 
of  a heterogeneous  rather  than  a homogeneous  system  depend  on  polymeriza- 
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tion  conditions  (i.e..  temperature,  solvent,  and/or  chemical  composition).  Tne 
high  cross-link  density  regions  have  been  described  as  agglomerates  of  colloidal 
particles  [47,  48[  or  floccules  [50]  in  a lower-molecular-weight  interstitial 
fluid.  Solomon  et  al.  [49]  suggested  that  a two-phase  system  is  produced  by 
microgelation  prior  to  the  formation  of  a macrogel.  Kenyon  and  Nielson  [26] 
suggested  that  the  highly  cross-linked  microgel  regions  are  loosely  connected 
during  the  latter  stages  of  the  curing  process.  More  recently,  Karyakina  et  al. 
[58]  suggested  that  microgel  regions  originate  in  the  initial  stages  of  polymer- 
ization from  the  formation  of  microregions  of  aggregates  of  primary  polymer 
chains.  The  high  cross-link  density  regions  have  been  reported  to  be  only 
weakly  attached  to  the  surrounding  matrix  (47,  48,  50] , and  their  size  varies 
with  cure  conditions  [47] , proximity  of  surfaces  [50,  57] , and  the  presence 
of  solvents  [28,  49] . 

The  epoxy  network  structure  depends  on  the  chemistry  of  the  system, 
the  initial  epoxy:curing  agent  ratio,  and  cure  conditions.  In  this  report  we 
consider  two  chemically  different  epoxy  systems:  (1)  an  amine  (diethylcne 
triamine,  DETA>cured  difunctional  bisphenol-A-diglycidyl  ether  epoxy 
(DGEBA)  (Fig.  3)  and  (2)  an  amine  (diaminodiphenyl  sulfone,  DDS)-cured 
tetrafunctional  tetraglycidyl-4,4’-diaminodiphenyl  methane  epoxy  (TGDDM) 
(Fig.  4).  The  DGEBA-DETA  epoxy  system  is  one  of  the  more  common  epoxy 
systems,  whereas  the  TGDDM-DDS  system  is  currently  the  main  constituent 


bisphenol-A-diglycidyl  ether  epoxy  DGEBA 
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Fig.  3.  The  DGEBA-DETA  epoxy  system. 
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tetraglycidyl  4,  4'  diaminodiphenyl  methane  epoxy  TGDDM 
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Fig.  4.  The  TGDDM-DDS  epoxy  system. 


of  many  adhesives  and  composite  matrices  utilized  by  the  Air  Force  and 
its  contractors. 


1.  The  DGEBA-DET A Epoxy  System 

The  stoichiometric  mixture  for  the  DGEBA-DETA  epoxy  system  is  ■ — 11  wt% 
DETA  [61] . This  composition  was  determined  by  assuming  that  all  primary 
and  secondary  amine  hydrogens  react  with  epoxide  groups  in  the  absence  of 
side  reactions.  However,  DGEBA-DETA  epoxies,  despite  being  prepared  from 
stoichiometric  mixtures  of  epoxy  and  amine,  are  not  highly  cross-linked  glasses 
because  they  exhibit  1 5 to  20%  extension  to  break  25°C  below  their  Tg’s.  Also, 
considerable  molecular  flow  occurs  during  the  deformation  and  failure  of  these 
glasses. 

Furthermore,  the  mechanical  properties  of  these  epoxies  exhibit  a free- 
volume  dependence  as  a function  of  thermal  history  which  indicates  that  these 
glasses  consist  of  regions  of  lightly  or  noncross-linked  material.  A typical 
volume-temperature  plot  for  a polymer  is  shown  in  Fig.  5.  Changes  in  free 
volume,  or  local  order,  in  the  glassy  state  can  occur  as  a result  of  extension  to 
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Fig.  5.  A schematic  volume-temperature  plot  for  a polymer. 

temperatures  below  Tg  of  packing  changes  associated  with  the  liquid  state.  The 
liquid-volume  temperature  plot  extrapolated  to  below  Tg  in  Fig.  5 represents 
the  lower  free-volume,  equilibrium  state  of  the  glass.  The  time  necessary  to 
achieve  the  equilibrium  state  at  a given  temperature  below  Tg  depends  on  the 
glassy-state  mobility.  Below  a certain  temperature,  the  glassy-state  mobility 
is  too  small  to  allow  any  changes  in  free  volume.  A decrease  in  free  volume 
that  occurs  in  the  glassy  state  results  in  inhibition  of  the  flow  processes  that 
take  place  during  deformation  and  a more  brittle  mechanical  response.  Rapid- 
ly cooling  from  above  Tg,  however,  produces  a glass  with  a larger  free  volume. 

Table  1 shows  the  effect  of  thermal  history  on  the  room- temperature  ten- 
sile yield  stress  and  ultimate  elongation  of  a DGEBA-DETA  (13  wt%  DETA) 
epoxy  glass  (Tg  ~ 1 07°C).  Annealing  5°C  below  Tg  (Specimens  1 to  5 in 
Table  1)  causes  an  increase  in  the  macroscopic  yield  stress  and  a decrease  in 
the  extension  to  break  as  the  equilibrium  state  of  the  glass  at  this  temperature 
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TABLE  1 

Effect  of  Thermal  History  on  the  Room-Temperature  Tensile  Mechanical 
Properties  (Strain  Rale  ~ Iff  2/min)  of  DETA  (13  wt%)-Cured  DGEBA  Epoxy 


Thermal  history 

Yield  stress, 
kPa  X I04 

Ultimate 
elongation,  % 

1 Cured  24  hr,  23°C;  24  hr,  1 50°C; 
cooled  2 C/min  to  room  temperature 

7,9  ±0.1 

14  ± 1 

2.  1 02°C,  1 day 

8.2  ± 0.1 

14  ± 1 

3.  1 02°C,  3 days 

8.2  ± 0.1 

13  ± 1 

4 1 02°(\  6 days 

8.2  ± 0.1 

12  ± 1 

5.  102°C,  17  days 

8.2  ±0.1 

11  ± 1 

6 I62°C,  10  min;  quenched  in  ice 
water 

7.3  ± 0.1 

15  ± 1 

7.  102°C,  1 day 

8.3  ± 0.1 

13  ± 1 

8.  162°C,  10  min;  quenched  in  ice 
water 

7.3  ± 0.1 

17  ± 1 

is  approached.  Prior  to  testing,  Samples  6,  7,  and  8 in  Table  1 were  exposed 
to  the  same  thermal  history  as  preceding  samples  in  this  6 to  8 series.  Quench- 
ing from  55°C  above  Tg  (Specimen  6 in  Table  1)  produces  a low  macroscopic 
yield  stress  because  of  the  high  free-volume  frozen  into  the  glass.  Subsequent 
annealing  of  the  quenched  specimen  in  the  glassy  state  5°C  below  Tg  (102°C) 
(Specimen  7 in  Table  1)  followed  by  a further  quench  from  55°C  above  Tg 
(Specimen  8 in  Table  1)  produces  essentially  reversible  changes  in  the  macro- 
scopic yield  stress.  These  modifications  of  the  macroscopic  yield  stress  and 
ultimate  elongation  with  thermal  history  indicate  that  the  flow  processes  in 
DGEBA-DETA  epoxies  are  controlled  by  the  free  volume  of  the  regions  of 
lightly  or  noncross-linked  material. 

Figure  6 illustrates  the  effect  of  annealing  [5°C  below  Tg  (125°C)]  on  the 
temperature  and  strain-rate  dependence  of  the  macroscopic  yield  stress  of 
DGEBA-DETA  (1 1 wt%  DETA)  epoxy  relative  to  the  unannealed  epoxy.  The 
general  increase  in  the  yield  stress  at  all  temperatures  and  strain  rates  on  anneal- 
ing below  Tg  further  illustrates  the  free-volume  dependence  of  these  epoxies. 

The  DGEBA-DETA  epoxies  did  not  significantly  swell  (maximum  swell 
ratio  achieved  =*  1 .5%)  after  1 5 days  exposure  to  the  favorable  swelling  agents 
reported  for  similar  materials  [25] . The  literature  also  suggests  that  swelling 
is  not  a valid  technique  to  determine  cross-link  density  of  resins  prepared  from 
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Fig.  6.  Log  (strain-rate)  versus  yield  stress  of  a DGEBA-DETA  (1 1 wt% 
DETA)  epoxy  as  a function  of  temperature  and  thermal  history. 


approximately  stoichiometric  quantities  of  epoxy  and  amine  [26,  28,  62] . 
The  lack  of  swelling  does  suggest,  however,  that  these  glasses  are  highly  cross- 
linked. 

The  lack  of  swelling,  the  high-temperature  ductility,  and  the  free-volume 
dependence  of  the  mechanical  properties  of  DGEBA-DETA  epoxies  can  be 
understood  if  these  glasses  possess  a heterogeneous  cross-link  density  distribu- 
tion. We  suggest  that  these  glasses  consist  of  regions  of  high  cross-link  density 
interconnected  by  free-volume  dependent,  low  cross-linked  or  noncross-linked 
material.  The  latter  control  the  flow  properties  of  these  epoxies. 

This  morphological  model  is  consistent  with  bright-field  transmission  elec- 
tron microscope  observations.  The  bright-field  transmission  electron  micro- 
graphs in  Fig.  7 show  the  network  structure  of  interconnected  6 to  9 nm 
diameter  particles  observed  in  a strained  DGEBA-DETA  epoxy  film.  By 
straining  the  epoxy  films  directly  in  the  electron  microscope,  we  observed 
that  the  6 to  9 nm  diameter  particles  remain  intact  and  flow  past  one  another 
during  the  flow  processes.  The  basic  6 to  9 nm  diameter  particles  shown  in 
Fig.  7 are  in  the  size  range  associated  with  molecular  domains.  For  crystalliz- 
able  polymers,  Wunderlich  and  Mehta  [63]  and  Aharoni  [64]  have  presented 
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theories  in  which  the  initial  step  of  crystallization  from  the  melt  and  solution 
occurs  by  formation  of  ordered  molecular  domains.  Ordered  nodules  the  size 
of  molecular  domains  (5  to  6 nm  in  diameter)  have  been  observed  in  thin  films 
and  on  the  surfaces  of  polycarbonate  [21, 65 ] . We  suggest  that  the  6 to  9 nm 
diameter  particles  are  molecular  domains  which  are  intramolecularly  cross- 
linked  and  which  form  during  the  initial  stages  of  polymerization.  Chompff 
[66|  has  recently  noted  that  configurational  restrictions  favor  excessive  intra- 
molecular cross-linking.  Intramolecular  cross-linking  is  also  favored  by  the  in- 
ability of  many  unreacted  epoxy  and  amine  species  attached  to  a growing 
domain  to  diffuse  to  reactive  species  attached  to  neighboring  domains.  These 
species  therefore  can  react  only  with  active  species  in  their  immediate  location. 
The  intramolecularly  cross-linked  molecular  domains  are  interconnected  by 
either  low  or  high  cross-link  density  regions  during  the  latter  stages  of  the  cure 
to  form  the  final  network  structure.  This  hypothesis  assumes  that  intramolec- 
ular cross-linking  occurs  in  the  early  polymerization  stages.  For  solution-phase 
condensation  cross-linking,  Flory  |67]  considered  intramolecular  cross-linking 
insignificant  prior  to  gelation.  Other  workers,  however,  caution  that  in  many 
thermoset  systems,  intramolecular  cross-linking  could  occur  to  a significant 
extent  prior  to  gelation  [68-70] . The  ability  of  the  suggested  6 to  9 nm  diam- 
eter molecular  domains  to  remain  intact  during  the  flow  processes  does,  how- 
ever, suggest  that  intramolecular  cross-linking  occurred  within  the  domains. 

The  interconnection  of  molecular  domains  by  regions  of  either  low  or  high 
cross-link  density  allows  two  types  of  network  structure:  (1 ) regions  of  high 
cross-link  density  embedded  in  a low  or  noncross-linked  matrix  or  (2)  non- 
cross-linked  or  low  cross-link  density  regions  embedded  in  a high  cross-link 
density  matrix.  From  straining  films  in  the  electron  microscope,  we  have  ob- 
served both  types  of  network  morphology,  with  the  second  type  more  preva- 
lent. An  example  of  the  first  type  of  morphology  is  illustrated  in  Fig.  8(a) 
where  aggregates  of  6 to  9 particles  are  embedded  in  a deformable,  low  cross- 
link density  matrix.  Deformation  of  this  type  of  network  involves  preferential 
deformation  of  the  regions  of  low  cross-link  density  without  causing  cleavage 
of  the  high  cross-link  regions.  For  the  second  type  of  network,  the  deformation 
process  is  more  complex.  Local  affine  deformation  requires  network  cleavage 
and  flow  to  occur  simultaneously  in  the  high  cross-link  density  regions  as  flow 
with  little  network  cleavage  occur?  in  the  neighboring  low  cross-link  density 
regions.  This  deformation  process  results  in  progressively  larger  regions  that 
are  poorly  cross-linked.  Such  a deformed  network  structure  is  illustrated  in 
the  bright-field  transmission  electron  micrograph  of  a strained  DGEBA-DETA 
epoxy  film  in  Fig.  8(b).  The  dark  network  structure  consists  of  6 to  9 nm 
diameter  interconnected  domains  separated  by  low  cross-linked  and/or  thinned 
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Fig.  8.  Bright-field  transmission  electron  micrographs  of  strained  DGEBA- 
DETA  epoxies  illustrating  (a)  aggregates  of  6 to  9 nm  particles  in  a low  cross- 
link density  matrix  and  (b)  a network  in  which  high  cross-link  density  regions 
form  the  continuous  phase. 


f 


regions  of  the  network  which  appear  light  in  the  micrograph.  The  network  is 
tighter  in  the  bottom  right  of  the  micrograph  than  in  the  upper  portion  which 
suggests  that  more  deformation  has  occurred  there. 


The  presence  of  regions  of  low  cross-link  density  in  the  DGEBA-DETA 
epoxies  suggests  that  many  reactive  groups  remain  unreacted  within  these 
glasses  because  of  diffusion  and  steric  restrictions  imposed  during  polymeriza- 
tion and  network  formation. 

Studies  have  not  yet  been  performed  on  the  effect  of  different  cure  condi- 
tions on  the  network  structure.  The  room-temperature  mechanical  properties 
of  DGEBA-DETA  epoxies,  however,  do  not  vary  as  a function  of  post  cure 
temperature  when  postcured  for  24  hr  in  vacuum  at  80  to  190°C  [71].  De- 
spite the  presence  of  regions  of  low  cross-link  density  containing  unreacted 
groups,  diffusion  and  steric  restrictions  inhibit  additional  cross-linking  in  this 
temperature  range.  However,  exposure  to  temperatures  above  180°C  for  24 
hr,  where  diffusional  and  steric  restrictions  may  be  partially  overcome,  causes 
the  epoxies  to  embrittle  because  of  the  onset  of  complex  oxidative  cross-link- 
ing reactions.  Differential  IR  analysis  of  an  epoxy  postcured  above  1 80°C 
relative  to  a standard  epoxy  postcured  at  1 50°C  reveals  an  additional  broad 
sorption  band  in  the  700-1800  cm'1  region  [71] . The  intensity  of  this  sorp- 
tion increased  with  exposure  time  and  increasing  temperature,  from  180  to 
300°C,  and  increased  more  rapidly  in  air  than  in  vacuum.  A strong  IR  sorp- 
tion at  1725  cm'1  appears  during  the  initial  stages  of  the  degradation  process, 
which  indicates  the  formation  of  carbonyl  groups.  Such  groups  could  result 
from  oxidation  of  unreacted  epoxide  rings  to  form  a-hydroxy  aldehyde  and 
carboxylic  acid  [72] . Degradation  causes  the  epoxies  to  change  from  colorless 
to  brown  to  cherry  red  with  an  accompanying  increase  in  free-radical  forma- 
tion as  monitored  by  electron  paramagnetic  resonance  spectrometry  [71  [ . 

Jain  [73]  first  detected  free-radical  formation  during  thermooxidative  degrada- 
tion of  epoxies.  Ovenall  [74] , in  more  detailed  studies  of  epoxies,  concluded 
that  at  180°C  in  air  the  formation  and  decay  of  radicals  occur  by  oxidative 
scission  and  molecular  diffusion  interaction  between  radicals,  respectively. 

Later  studies  have  suggested  that  resonance-stabilized  free  radicals  occur  in  the 
thermal  degradation  of  epoxies  [75,  76) . These  data  indicate  that  complex 
oxidative  degradation  reactions  start  to  occur  in  DGEBA  epoxies  near  180°C 
and  cause  detectable  embrittlement  above  ~200°C.  (Sorbed  oxygen  present  in 
the  epoxies  allows  such  reactions  to  occur  even  when  postcuring  under  vacuum.) 

2.  The  TGDDM-DDS  Epoxy  System 

Table  2 illustrates  the  percentage  by  weight  of  DDS  required  for  (1 ) all  pri- 
mary and  secondary  amines  in  the  DDS  to  react  and  (2)  only  primary  amines 
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TABLE  2 


100%  TGDDM 
epoxide  groups 
react 

50%  TGDDM 
epoxide  groups 
react 

100%  DDS 

primary  and  secondary  amines  react 

37  wt%  DDS 

23  wt%  DDS 

100%  DDS 

primary  amines  react 

54  wt%  DDS 

37  wt%  DDS 

to  react  with  either  50  or  100%  of  the  epoxide  groups  in  the  tetrafunctional 
TGDDM  molecules. 

Examination  of  molecular  models  indicates  that  considerable  steric  restric- 
tions are  present  in  the  vicinity  of  the  epoxide  groups.  Hence,  because  of  this 
interference,  if  is  unlikely  that  many  secondary  amines  react  in  this  system. 
Our  studies  indicate  that  steric  and  diffusiona)  restrictions  also  limit  the  num- 
ber of  primary  amines  that  react  in  the  TGDDM-DDS  system.  Our  cure  con- 
ditions were  1 hr  at  1 50°C  and  5 hr  at  1 77°C.  The  DDS  is  crystalline  with  a 
melting  point  of  162°C. 

We  have  monitored  the  tensile  mechanical  properties  of  the  TGDDM-DDS 
epoxy  system  as  a function  of  composition  (10  to  35  wt%  DDS)  and  test 
temperature  (23  to  250°C).  Figure  9 plots  tensile  strength,  ultimate  elon- 
gation, and  Young’s  modulus  from  23  to  250°C  for  a TGDDM-DDS  (35  wt% 
DDS)  epoxy.  The  gradual  decrease  in  tensile  strength  and  modulus  and  the  in- 
crease in  ultimate  elongation  from  200  to  250°C  suggests  that  a broad  glass 
transition  exists  in  this  temperature  range.  Ultimate  extension  of  >15%  near 
Tg  for  epoxies  with  1 5 to  35  wt%  DDS  suggests  these  glasses  are  not  highly 
cross-linked. 

A plot  of  Tg  versus  initial  DDS  concentration,  shown  in  Fig.  10.  confirms 
that  these  epoxies  are  not  highly  cross-linked.  [The  temperatures  representa- 
tive of  these  broad  Tg’s  were  taken  as  those  temperatures  at  which  the  room- 
temperature  modulus  (ERT)  decreased  by  half  (i.e.,  ERT/2)] . From  10  to  25 
wt%  DDS,  the  Tg  rises  with  increasing  DDS  concentration  because  of  corre- 
sponding increases  in  molecular  weight  and/or  cross-link  density.  The  Tg  ex- 
hibits a maximum  of  ~250°C  at  ~30  wt%  DDS  and  subsequently  decreases 
for  higher  DDS  concentrations.  For  epoxies  prepared  from  >25  wt%  DDS, 
steric  and  diffusional  restrictions  evidently  inhibit  additional  epoxy-amine 
reactions.  Above  ~30  wt%  DDS  concentrations,  unreacted  DDS  molecules 


Temperature  (°C) 


Fig.  9.  Tensile  strength,  ultimate  elongation,  and  Young’s  modulus  versus 
temperature  for  TGDDM-DDS  (35  wt%  DDS)  epoxy  that  was  deformed  at  a 
strain  rate  of  ~10" J/min. 


plasticize  the  epoxy  system  and  decrease  the  Tg.  However,  37  wt%  DDS  is  re- 
quired to  consume  half  the  TGDDM  epoxide  groups  when  only  epoxide-pri- 
mary amine  reactions  occur  (Table  2).  Hence  the  maximum  in  Tg  at  30  wt% 
DDS  suggests  that  less  than  half  the  TGDDM  epoxide  groups  have  reacted 
when  100%  of  the  DDS  is  consumed.  These  observations  illustrate  that  the 
5 hr,  177°C  cured  TGDDM-DDS  epoxy  systems  are  not  highly  cross-linked  be- 
cause of  steric  and  diffusional  restrictions  during  cure.  After  gelation,  unre- 
acted groups  have  difficulty  approaching  one  another  because  of  mobility 
restrictions. 

After  cure,  aggregates  of  unreacted  DDS  molecules  have  been  detected  in 
TGDDM-DDS  (525  wt%  DDS)  epoxies  by  both  electron  diffraction  and  x-ray 
emission  spectroscopy  studies.  Electron  diffraction  patterns  were  obtained 
from  thin  films  prepared  from  >25  wt%DDS  that  were  similar  to  those  ob- 
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Fig.  10.  A measure  of  the  Tg  (Erj/2)  versus  initial  wt%  of  DDS  in  TGDDM- 
DDS  epoxies. 


tained  from  the  unreacted  DDS  crystals.  The  aggregates  of  unreacted  DDS 
molecules  crystallize  after  cooling  the  epoxy  from  its  cure  temperature.  In 
addition,  x-ray  emission  spectroscopy  of  fracture  surfaces  has  detected  regions 
of  high  sulfur  content  which  are  probably  clusters  of  unreacted  DDS  molecules. 
In  this  technique  a fracture  surface  is  bombarded  with  an  electron  beam,  and 
the  surfaces  are  scanned  for  emitted  x-rays  characteristic  of  sulfur.  Figure  1 1 
is  an  x-ray  map  of  the  sulfur  distribution  (indicated  by  the  white  dots)  super- 
imposed on  the  secondary  scanning  electron  micrograph  of  the  fracture  sur- 
face. The  large  concentration  of  sulfur  in  the  fracture-initiation  region  prob- 
ably results  from  a cluster  of  unreacted  DDS  molecules. 

Bright  field  transmission  electron  microscopy  studies  of  the  network  struc- 
ture of  strained  TGDDM-DDS  epoxy  films  have  revealed  microscopic  hetero- 
geneities only  in  the  brittle,  low-molecular-weight  systems  prepared  from  10 
tol5wt%DDS.  In  Fig.  12(a)  a strained  TGDDM-DDS  (10  wt%  DDS)  epoxy 
is  shown  to  break  into  2.5  to  13  nm  diameter  particles.  At  higher  deforma- 
tions the  network  breaks  into  ~2.5  nm  diameter  particles,  as  shown  in  Fig. 
12(b).  These  basic  2.5  nm  diameter  particles  are  of  a similar  size  as  the  TGDDM 
mo’ecule. 
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Fig.  11.  X-ray  emission  scanning  spectroscopy  map  of  sulfur  distribution 
in  the  fracture  surface  of  TGDDM-DDS  (27  wt%  DDS)  epoxy  which  was 
fractured  at  250°C. 


Evidence  that  the  cross-linked  network  topography  of  TGDDM-DDS  epoxies 
can  be  heterogeneous  is  suggested  from  fracture  topography  observations.  Fig- 
ure 1 3 shows  scanning  electron  micrographs  of  the  fracture  topography  initia- 
tion region  of  a TGDDM-DDS  (23  wt%  DDS)  epoxy.  Undeformed  particles, 

1 to  5 pm  in  size,  are  embedded  in  the  deformed,  surrounding  material.  These 
undeformed  particles  are  possible  regions  of  high  cross-linked  density  which 
are  embedded  in  a lower  cross-link  density,  deformable  matrix. 


B.  Microvoid  Characteristics 

Little  attention  has  been  given  to  the  microvoid  characteristics  in  thermosets, 
such  as  epoxies,  and  how  such  microvoids  can  be  produced  during  fabrication. 


50 


MORGAN  AND  O'NEAL 


Fig.  12.  Bright-field  transmission  electron  micrographs  of  structure  in  de- 
formed TGDDM-DDS  (10  wt%  DDS)  epoxy. 


These  microvoids  can  have  a deleterious  effect  on  the  mechanical  properties 
by  acting  as  stress  concentrators  and  also  on  the  durability  by  serving  as  a sink 
for  the  accumulation  of  sorbed  moisture.  Microvoids  can  result  in  epoxies 
from  (1)  trapped  air,  which  can  be  easily  avoided  if  the  appropriate  precau- 
tions are  taken  during  fabrication;  and  (2)  low-molecular-weight  material 
trapped  in  the  glass  which  is  subsequently  eliminated  during  postcure.  This 
low-molecular-weight  material  results  from  either  inhomogeneous  mixing  of 
epoxy  monomer  and  curing  agent  and/or  the  inability  of  the  constituents  to 
react  and  resultant  aggregation  of  these  ''onstituents. 


2 pm 

Fig.  13.  Scanning  electron  micrographs  illustrating  possible  undeformed  re- 
gions of  high  cross-link  density  embedded  in  a lower  cross-linked  density,  de- 
formable matrix  in  the  fracture  topography  initiation  region  of  a TGDDM-DDS 
(23  wt%  DDS)  epoxy,  which  was  fractured  in  tension  at  room  temperature  at  a 
strain  rate  of  ~10'2/min. 
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Fig.  14.  Optical  micrograph  of  pure  DGEBA  crystals  suspended  In  an  un- 
reacted commercial  epoxide. 

1.  The  DGEBA-DETA  Epoxy  System 

Pure  DGEBA  epoxy  monomer  crystallizes  at  room  temperature  (melting  point 
41.5°C),  resulting  in  crystals  that  are  suspended  in  the  higher-molecular-weight 
liquid.  In  commercial  DGEBA  epoxides,  such  as  Epon  828,  the  crystals  are 
~15pm  in  size  and  predominantly  in  the  form  of  square  platelets,  as  illustrated 
in  Fig.  14.  We  have  demonstrated  for  certain  cure  conditions  that  the  presence 
of  these  crystallites  can  result  in  microvoids  in  the  postcured  resin  [71] . Partly 
curing  the  partially  crystalline  DGEBA  epoxide  monomer  with  DETA  at  room 
temperature  leaves  the  crystals  embedded  in  the  glass.  Postcuring  >80°C  under 
vacuum  produces  ~10  /im  microvoids  and  associated  stresses  in  the  epoxy  as  a 
result  of  melting  the  crystals  and  subsequent  volatilization  of  the  resultant 
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Fig.  IS.  Light-scattering  patterns,  under  polarized  light,  produced  by  micro- 
voids and  surrounding  stress  fields  in  an  polyamide-cured  DGEBA  epoxy. 


liquid.  Figure  15  illustrates  the  light-scattering  patterns,  under  polarized  light, 
associated  with  the  microvoids  and  surrounding  stress  field  in  an  amine-cured 
DGEBA  system  that  was  postcured  at  95°C  for  24  hr. 

Such  microvoid  production  can  easily  be  avoided  for  DGEBA-based  epoxy 
systems  by  either  initially  melting  the  crystals  prior  to  curing  or  initially  cur- 
ing above  the  monomer  crystalline  melting  point.  These  observations,  how- 
ever, do  demonstrate  that  clusters  of  unreacted  molecules  present  in  an  epoxy 
system  during  cure  can,  for  certain  cure  conditions,  result  in  microvoids  in  the 
finally  cured  glass. 

2.  The  TGDDM-DDS  Epoxy  System 

To  obtain  a TGDDM-DDS  epoxy  system  with  a high  Tg,  which  is  advantageous 
to  limit  the  deleterious  effects  of  sorbed  moisture  on  this  epoxy,  requires  ~30 
wt%  DDS  in  the  initial  TGDDM-DDS  mixture  (see  Fig.  10).  However,  at  these 
DDS  concentrations,  aggregates  of  unreacted  DDS  molecules  can  be  present 
in  the  epoxy  after  the  system  forms  a glass  at  the  cure  temperature.  The  elim- 
ination of  these  aggregates  during  subsequent  cure  could  result  in  microvoids 
in  the  glass. 
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Fig.  16.  Plots  of  weight  loss  and  subsequent  water  sorption  versus  anneal 
temperature  for  TGDDM-DDS  (27  wt%  DDS)  epoxy. 


Mierovoids  are  produced  in  the  TGDDM-DDS  system  by  elimination  of  un- 
reacted. low-molecular-weight  material.  Figure  16  shows  the  progressive  weight 
loss  with  increasing  anneal  temperatures  from  150  to  250°C  for  a TGDDM-DDS 
(27  wt7r  DDS)  epoxy  originally  cured  at  1 77°C  for  5 hr.  In  this  figure  the 
amount  of  water  subsequently  sorbed  by  the  epoxy  at  120°C  in  an  autoclave 
for  3 hr  is  plotted  versus  anneal  temperature.  The  increase  in  water  sorption 
with  increasing  anneal  temperature  from  1 50  to  200°C  is  associated  with  micro- 
voids produced  by  volatilization  of  unreacted  low-molecular-weight  material. 
The  water  sorption  exhibits  a maximum  in  the  200  to  225°C  range  and  de- 
creases as  the  anneal  temperature  approaches  Tg  at  ~250°C  because  the  micro- 
voids partially  collapse. 

Hence  a high  Tg  TGDDM-DDS  epoxy  system  may  contain  microvoids  which 
result  from  the  elimination  of  aggregates  of  unreacted  DDS  molecules  trapped 
in  the  glass  during  the  early  stages  of  cure. 
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III.  DEFORMATION  AND  FAILURE  MODES  OF  EPOXIES 

The  relation  between  the  network  structure,  microvoid  characteristics,  and 
failure  processes  of  epoxies  has  received  little  attention.  Localized  plastic  flow 
has  been  reported  to  occur  during  the  failure  processes  of  epoxies  (53,  55,71, 
77-84) , and,  in  a number  of  cases,  the  fracture  energies  have  been  reported  to 
be  a factor  of  2 to  3 times  greater  than  the  expected  theoretical  estimate  for 
purely  brittle  fracture  (77,  78,  82,  84-9 1 ] . However,  no  systematic  studies 
have  been  made  to  elucidate  the  microscopic  flow  processes  that  occur  during 
the  deformation  of  epoxies  and  the  relation  of  such  flow  processes  to  the  net- 
work structure. 

Recently,  we  have  conducted  studies  on  the  failure  processes  of  amine- 
cured  DGEBA  epoxy  systems  and  TGDDM-DDS  epoxy  systems.  The  major 
findings  from  these  studies  will  now  be  reviewed. 

A.  The  DGEBA-DETA  Epoxy  System 

The  failure  processes  of  DGEBA-DETA  epoxies  were  monitored  by  optical 
and  electron  microscopy  of  thin  films  deformed  on  a metal  substrate  and  of 
the  fracture  topographies  of  epoxy  specimens  fractured  in  tension  as  a function 
of  temperature  and  strain  rate.  In  addition,  epoxy  films  were  strained  directly 
in  the  electron  microscope,  and  the  failure  processes  were  monitored  by  bright- 
field  microscopy.  These  studies  indicate  that  epoxies  fail  by  a crazing  process 
[83,92). 

The  structure  of  a craze  is  illustrated  in  Fig.  17.  Crazes  only  form  in  ten- 
sion, and  craze  initiation  involves  cavitation  at  a stress  concentration  defect 
or  inhomogeneity  in  the  glass.  Sternstein  and  Ongchin  [93]  have  suggested 


Fig.  17.  The  structure  of  a craze  (99) . 
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that  cavitation  results  front  both  the  tensile  dilatational  component  of  the  ap- 
plied stress  field  and  a normal  yielding  factor.  This  cavitation  results  in  a high- 
ly porous  structure  at  the  craze  tip.  As  the  craze  develops,  microvoids  formed 
by  the  cavitational  craze-initiation  process  coalesce  and  enlarge,  and  polymeric 
material  Hows  and  orients  in  the  direction  of  the  applied  tensile  stress.  This 
flow  and  orientation  results,  as  illustrated  in  Fig.  17,  in  fine,  highly  oriented 
fibrils  within  the  well-developed  craze.  A crack  will  propagate  through  the 
craze  when  a cavity  formed  by  enlargement  and  coalescence  of  microvoids 
attains  a critical  size  and  begins  to  propagate  perpendicularly  to  the  tensile 
stress  through  the  craze.  The  amount  of  energy  expended  in  the  form  of  vis- 
cous, molecular  How  during  the  craze  process  is  considerable  and  enhances  the 
toughness  ot  the  material.  Detailed  discussions  of  the  crazing  and  fracture 
processes  of  polymer  glasses  are  given  by  Rabinowitz  and  Beardmore  [12] 
and  Kambour  [94] . 

Crazes  were  observed  in  one-stage,  carbon-platinum  surface  replicas  of 
DGEBA-DETA  epoxy  films  that  were  adhered  to  a brass  substrate  and  strained 
~10^  in  tension.  The  replicas  in  Fig.  18  illustrate  the  craze  structure.  The  ab- 
sence of  any  carbon-platinum  particles  within  regions  of  the  craze  fibrils  indi- 
cates that  a thin  epoxy  layer  adhered  to  the  replica.  At  the  craze  tip,  ~10  nm 
diameter  voids  are  produced  by  the  tensile  dilational  stress  fields  (Fig.  18a). 
These  voids  coalesce  to  form  larger  voids  < 100  nm  in  diameter  separated  by 
20  to  100  nm  diameter  fibrils.  Further  from  the  craze  tip,  the  fibrils  fracture 
as  their  length  approaches'- 1 00  nm.  The  latter  phenomenon  may  be  a conse- 
quence of  the  poor  structural  integrity  of  the  replica. 

Crazes  were  also  found  to  propagate  in  ~1  pm  thick  DGEBA-DETA  epoxy 
films  that  were  strained  directly  in  the  electron  microscope.  An  overall  view 
of  a craze  consisting  of  coarse  100  to  1000  nm  wide  fibrils  is  shown  in  the 
bright-field  transmission  electron  micrograph  in  Fig.  19(a).  The  egion  near 
the  craze  tip  is  shown  in  more  detail  in  Fig.  19(b).  The  structure  of  the  coarse 
~1000  nm  wide  craze  fibril  shown  in  Fig.  19(a)  is  illustrated  in  more  detail  in 
Fig.  20.  These  micrographs  reveal  that  the  epoxy  deforms  inhomogeneously 
within  the  craze  fibril  (Fig.  20a)  and  breaks  up  into  6 to  9 nm  diameter  parti- 
cles. The  network  structure  of  6 to  9 nm  diameter  particles  within  the  region 
of  the  craze  fibril  is  illustrated  in  Fig.  20(b). 

The  fracture  topographies  of  DGEBA-DETA  epoxies  fractured  as  a func- 
tion of  temperature  and  strain-rate  were  studied  by  optical  and  scanning  elec- 
tron microscopy.  The  optical  micrograph  shown  in  Fig.  21(a)  illustrates  the 
three  characteristic  topographic  regions  observed  in  these  epoxies:  (1)  a coarse 
initiation  region  (dark  area  in  the  left  of  the  micrograph);  (2)  a slow  crack- 
growth,  smooth,  mirror-like  region;  and  (3)  a fast  crack-growth,  rough,  parab- 
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Fig.  18.  Carbon-platinum  surface  replicas  of  craze  structure  in  DGEBA- 
DETA  (1 1 wt%  DETA)  epoxy  films  that  were  strained  on  a metal  substrate. 


ola  region.  The  topography  varies  with  temperature  and  strain  rate,  with  the 
mirror-like  region  covering  a larger  portion  of  the  fracture  surface  with  increas- 
ing temperature  and/or  decreasing  strain  rate,  as  illustrated  in  Fig.  22. 

The  coarse  initiation  region  often  is  found  within  a cavity  as  indicated  by 
a cusp  in  the  fracture  topography  which  separates  this  region  from  the  surround- 
ing smooth,  mirror-like  region  (Fig.  21b).  The  coarse  structure  can  (1)  cover  a 
relatively  small  region  in  the  center  of  the  initiation  cavity,  (2)  cover  the  entire 
cavity,  or  (3)  irregularly  .cover  parts  of  the  cavity. 

The  structure  of  the  coarse  topography  in  the  initiation  region  exhibited 
little  consistency  between  samples  or  with  varying  temperature  and  strain  rate. 

A typical  range  of  topographies  consisted  of  the  mica-like  structure  illustrated 
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Fig.  19.  Bright-field  transmission  electron  micrographs  of  (a)  overall  craze 
and  (b)  craze  tip  in  DGEBA-DETA  (13  wt%  DETA)  epoxy. 


in  Fig.  21(c),  a nodular  structure,  and  a collapsed  fibrillar  topography.  At 
temperatures  nearer  the  Tg  (i.e.,  at  Tg  - 25°C),  the  fracture-initiation  region 
in  the  DGEBA-DETA  epoxies  is  either  nonexistent  and/or  much  smoother 
thin  at  lower  fracture  temperatures. 

The  fracture  topography  initiation  region  characteristics  can  be  explained 
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Fig.  20.  Bright-field  transmission  electron  micrographs  of  craze  fibril  struc- 
ture in  DGEBA-DETA  ( 1 3 wt%  DET A)  epoxy. 


in  terms  of  a crazing  failure  process.  Murray  and  Hull  [95]  have  reported  that 
void  growth  and  coalescence  within  a craze  produce  a planar  cavity  whose 
thickness  is  that  of  the  craze.  A mica-like  structure  in  the  slow  crack-growth 
fracture  topography  of  polymer  glasses  is  generally  associated  with  crack  propa- 
gation through  preexisting  craze  material  [96] . Murray  and  Hull  [95]  and 
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Comes  and  Haward  |97]  have  observed  irregularly  furrowed  or  rumpled  sur- 
faces within  initiation  cavities  in  polystyrene  and  poly(vinyl  chloride),  respec- 
tively. Furthermore,  there  is  evidence  from  studies  on  polystyrene  that  the 
initial  stages  of  void  growth  and  coalescence  within  a craze  involve  fracture 
through  the  center  of  the  craze  [98,  99] . In  addition,  the  coarseness  of  the 
craze  fibrils  has  been  reported  to  decrease  with  increasing  craze  width  and 
thickness  [99] . These  facts  suggest  that  the  coarse  initiation  region  in  epoxies 
results  from  void  growth  and  coalescence  through  the  center  of  a simultaneous- 
ly growing,  poorly  developed  craze  which  consists  of  coarse  fibrils.  The  diam- 
eter of  the  broken  fibrils  depends  on  the  relative  rates  of  craze  and  void  growth. 
Nodular  particles  and  fibrillar  structures  that  lie  parallel  to  the  fracture  surface 
are  associated  with  fractured  craze  fibrils.  Doyle  [100,  101)  and  Hoare  and 
Hull  [102]  have  reported  broken  fibrils  that  lie  parallel  to  the  fracture  surface 
in  polystyrene  and  have  suggested  that  these  fibrils  are  swept  down  onto  the 
fracture  surface  as  the  crack  passes  through  the  craze.  We  cannot  preclude, 
however,  that  the  mica-like  structure  such  as  that  observed  in  Fig.  21(c)  results 
from  the  coalescence  of  a bundle  of  parallel  microcrazes  situated  in  slightly 
different  planes  rather  than  directly  from  the  fracture  of  poorly  formed,  coarse 
craze  fibrils.  Skibo  et  al.  [ 1 03 J suggested  that  the  mica-like  structure  which 
they  observed  in  the  noninitiation  region  of  the  fatigue-fracture  topography  of 
polystyrene  is  a result  of  the  intersection  of  the  crack  plane  with  craze  bundles. 
The  more  nodular-like  topographies  are  similar  to  those  observed  in  the  frac- 
ture topographies  of  certain  multiphase  metals  (1 04]  and  polyvinyl  chloride 
[ 105-107] . In  polyvinyl  chloride,  this  structure  has  been  associated  with  par- 
ticulates in  the  polymer  resulting  from  imperfect  melting  of  resin  particles 
[105-107] . Hence,  we  also  cannot  preclude  that  any  heterogeneity  in  the 
epoxy  structure  could  be  partially  responsible  for  the  observed  topographies. 

The  variation  in  the  fracture  topography  initiation  region  which  did  not 
exhibit  consistent  trends  with  strain  rate  and  temperature,  except  for  the  dis- 
appearance or  smoothening  of  the  coarse  topographies  in  those  specimens 
fractured  near  Tg,  is  a result  of  a number  of  factors:  ( 1)  the  relative  rates  of 
crack  and  craze  propagation,  (2)  the  craze  structure  immediately  prior  to 
crack  propagation  through  the  craze,  (3)  the  modification  of  the  craze  struc- 
ture by  crack  propagation,  (4)  the  collapsing  and  relaxation  of  the  craze  rem- 


Fig.  21.  Fracture  topography  of  amine-cured  DGEBA  epoxies:  (a)  optical 
micrograph  of  overall  topography,  (b)  optical  micrograph  of  slow  crack-growth 
region,  and  (c)  scanning  electron  micrograph  of  initiation  region. 
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nants  after  crack  propagation,  and  (5)  the  variation  in  the  local  stress  fields 
in  the  vicinity  of  the  growing  craze  or  crack  which  depend  on  the  microvoid 
characteristics  of  the  epoxy. 


The  smooth  mirror-like  region  of  the  fracture  topography  of  DGEBA-DETA 
epoxies  whose  area  increases  with  increasing  temperature  and  decreasing  strain 
rate  (Fig.  22)  can  be  attributed  to  a crazing  process.  For  other  polymers,  this 
region  has  been  associated  with  slow  crack -growth,  and  its  size  varies  with 
temperature,  molecular  weight,  and  strain  rate  [ 108-1 11).  In  studies  on  poly- 
ester resins,  Owen  and  Rose  [112]  report  that  the  mirror-like  area  increases 
with  resin  flexibility.  A number  of  workers  have  associated  this  smooth  frac- 
ture topography  region  with  slow  crack-propagation  through  the  median  of 
the  craze  with  subsequent  relaxation  of  craze  remnants  [95,  96,  101,  102, 

113,  114).  El-Hakeem  et  al.  [114]  have  directly  observed  the  masking  of  the 
inicrofeatures  of  this  fracture  topography  region  by  the  subsequent  relaxation 
processes.  The  smoothness  of  the  fracture  topography  region  surrounding  the 
coarse  initiation  region  in  DGEBA-DETA  epoxies  results  from  crack  propaga- 
tion either  through  the  center  or  along  the  craze-matrix  boundary  interface  of 
a thick,  well-developed  craze  consisting  of  fine  fibrils.  The  presence  of  fine 
fibrils  would  produce  a smoother  fracture  topography  than  in  the  coarse  initia- 
tion region,  irrespective  of  any  subsequent  relaxation  of  craze  remnants.  One- 
stage,  carbon-platinum  surface  replicas  of  the  mirror-like  region  reveal  areas 
consisting  of  1 5 to  30  nm  diameter  particles.  This  granular  appearance  of  the 
replica  could  be  the  result  of  fractured  fine  fibrils  aligned  normal  to  the  sur- 
face. However,  we  cannot  preclude  that  such  structures  are  regions  of  high 
cross-link  density.  The  extent  of  the  mirror-like  region  is  a measure  of  the 
area  in  which  crack  propagation  occurs  through  a preformed  craze  [95] . For 


a fracture  surface  completely  coveied  by  the  mirror-like  region,  crazes  have 
grown  completely  across  the  specimen  prior  to  any  significant  crack  propaga- 
tion [102],  Hoare  and  Hull  [102]  have  suggested  that  this  area  depends  on 
( 1 ) the  ease  of  cavitation  and  crack  propagation  within  the  craze,  (2)  the  rate 
of  craze  nucleation  and  growth,  and  (3)  the  concentration  of  crazes.  The  de- 
crease in  the  crazing  stress  with  increasing  temperature  and/or  decreasing  strain 
rate  favors  craze  growth  which  will  result  in  a larger  mirror-like  region. 

River  markings  which  radiate  from  the  fracture-initiation  site  are  also  ob- 
served in  the  mirror-like  region,  as  illustrated  in  Fig.  21(b).  These  markings, 
which  vary  inconsistently  between  epoxy  specimens,  are  steps  formed  by  the 
subdivision  of  the  main  crack  into  segments  running  on  parallel  planes.  This 
subdivision  could  result  from  the  interaction  of  the  crack  front  with  the  craze 
structure.  Owen  and  Rose  [112]  have  found  that  the  river  markings  become 


■i 


MORGAN  AND  O'NEAL 


20  pm 


Fig.  23.  Scanning  electron  micrographs  of  (a)  overall  fracture  topography 
initiation  cavity,  (b)  coarse  fractured  fibrils,  and  (c)  fine  fractured  fibrils  in 
TGDDM-DDS(27  wt%  DDS)  epoxy,  fractured  at  room  temperature  at  a strain 
rate  of  10"J/min. 
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Fig.  23  (continued) 


ordered  and  regular  as  the  flexibility  and  therefore  the  ability  to  undergo  craz- 
ing in  polyester  resins  is  enhanced. 

Interference  colors,  often  observed  in  the  mirror-like  region  of  noncross- 
linked  polymer  glasses  [6] , were  not  evident  in  the  fracture  topography  of 
DGEBA-DETA  epoxies.  Broutman  and  McGarry  [77]  also  found  that  inter- 
ference colors  were  absent  in  the  fracture  surfaces  of  cross-linked  polymethyl 
methacrylates.  They  suggested  that  the  thickness  of  the  craze  or  craze  rem- 
nants in  the  mirror-like  regions  of  these  cross-linked  glasses  was  not  large 
enough  to  cause  interference  with  visible  light.  A similar  explanation  may  ap- 
ply to  epoxies  where  the  presence  of  cross-linking  presumably  inhibits  the  de- 
velopment of  thick  crazes. 


B.  The  TGDDM-DDS  Epoxy  System 

TGDDM-DDS  epoxies  exhibit  fracture  topography  characteristics  similar  to 
those  of  the  DGEBA-DETA  epoxies,  which  indicates  that  they  too  deform 
and  fail  primarily  by  a crazing  process.  The  fracture  topography  initiation 
region  characteristics  of  a TGDDM-DDS  (27  wt%  DDS)  epoxy  are  illustrated 
in  Fig.  23.  The  overall  fracture  topography  intitation  cavity  is  illustrated  in 
Fig.  23(a);  1 to  5 diameter,  poorly  developed,  fractured  fibrils  are  shown 
in  Fig.  23(b);  and  well-developed,  100  to  200  nm  diameter  finer  fractured 
fibrils  are  illustrated  in  Fig.  23(c).  The  size  distribution  of  the  fractured 
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Fig.  25.  Scanning  electron  micrographs  of  right-angle  steps  in  the  fracture 
topography  initiation  region  ot  TGDDM-DDS  (35  wt%  DDS)  epoxy  fractured 
at  225°C  at  a strain  rate  of  10"2/min. 
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fibrils  within  the  initiation  region  depends  on  the  relative  rates  of  craze  and 
crack  propagation  (see  Section  111-A).  Elongated  fibrils  that  were  swept  onto 
the  fracture  surface  were  found  in  the  TGDDM-DDS  epoxy  fracture  topog- 
raphies as  illustrated  in  Fig.  24. 

The  TGDDM-DDS  epoxies  also  deform  to  a limited  extent  by  shear  banding 
1 1 1 5| . Regular,  right-angle  steps  were  observed  in  the  fracture  topography 
initiation  region,  as  illustrated  in  Fig.  25.  A plot  of  the  percentage  of  all  frac- 
ture topographies  that  exhibited  this  mode  of  deformation  as  a function  of 
test  temperature  is  shown  in  Fig.  26.  The  regular,  right-angle  steps  observed 
in  ~20 % of  all  room-temperature  fractures  (strain  rate  ~ 10"J/min)  were  more 
prevalent  at  higher  temperatures.  At  and  above  250°C  (Tg  250°C),  none  of 
the  fracture  surfaces  exhibited  the  right -angle  steps  because  viscous  flow  and 
relaxation  processes  during  and  after  crack  propagation  cause  a smooth  frac- 
ture surface  and  mask  the  fracture  topography  microfeatures.  The  increase  in 
the  percentage  of  fracture  topographies  exhibiting  right-angle  steps  with  tem- 
perature is  consistent  with  the  shear-band  mode  of  deformation  becoming 
more  favored  relative  to  the  crazing  mode  with  increasing  temperature  (21, 93, 
1 16j . Shear-band  propagation  in  these  cross-linked  glasses  produces  structur- 
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Fig.  26.  Percentage  of  fracture  topography  initiation  regions  that  exhibit 
right-angle  steps  versus  temperature  in  TGDDM-DDS  ( 1 5 to  35  wt%  DDS) 
epoxies. 
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ally  weak  planes  because  of  bond  cleavage  caused  during  molecular  flow.  Hull 
(117]  and  Mills  |1 1 8 1 have  both  noted  that  the  intersection  of  shear  bands, 
which  occurs  at  right  angles,  causes  a stress  concentration.  This  stress  concen- 
tration is  sufficient  to  cause  a crack  to  propagate  through  the  structurally  weak 
planes  caused  by  shear-band  propagation.  These  phenomena  produce  right- 
angle  steps  in  the  fracture  topography. 

IV.  EFFECTS  OF  SORBED  MOISTURE  ON  DURABILITY  OF  EPOXIES 

Epoxy  composites  and  adhesives  sorb  moisture  which  in  both  laboratory  and 
field  tests  deteriorates  the  mechanical  properties,  particularly  at  high  tempera- 
tures. The  effect  of  sorbed  moisture  on  the  physical  properties  and  mechan- 
ical integrity  of  epoxies  and  other  thermosets  utilized  as  adhesives  and  com- 
posite matrices  in  the  aerospace  industry  has  received  considerable  attention 
(I,  2,  19,  82,  84,  86,  88,  119-179).  Despite  these  studies,  all  the  basic  mech- 
anisms responsible  for  moisture-induced  degradation  of  epoxies  have  not  been 
identified  and/or  understood;  hence  the  durability  of  epoxy  components  in 
the  service  environment  is  still  uncertain.  In  this  section  the  pertinent  basic- 
physical  phenomena  induced  and/or  modified  by  sorbed  moisture  and  affect- 
ing the  durability  of  epoxies  are  discussed.  These  phenomena  include  (1)  low- 
ering of  Tg  by  sorbed  moisture,  (2)  diffusion  of  sorbed  moisture,  (3)  swelling 
stresses  induced  by  sorbed  moisture,  (4)  modification  of  the  deformation  and 
failure  modes  and  the  mechanical  response  by  sorbed  moisture,  and  (5)  inter- 
action of  sorbed  moisture  with  other  environmental  factors. 

A.  The  Glass  Transition 

The  glass  transition  temperature,  Tg,  of  a polymer  is  that  temperature  at  which 
the  glass  becomes  a viscous  liquid  with  a corresponding  viscosity  decrease  of 
several  orders  of  magnitude  within  a ~ 10°K  temperature  range.  This  transi- 
tion is  a second-order  phase  change  and  unlike  a crystalline  melting  point  oc- 
curs over  a temperature  range,  is  time  dependent,  and  does  not  involve  changes 
in  extensive  properties  such  as  enthalpy  and  volume  but  only  their  rates  of 
change  with  temperature.  Near  Tg,  a polymer  glass  softens  with  decreases  in 
tensile  strength  and  increases  in  ductility. 

Epoxies  generally  exhibit  broad  Tg’$  (see  Section  II-A-2)  because  of  the 
presence  of  cross-links  and  their  heterogeneous  distribution.  The  large-scale, 
cooperative  segmental  motions  that  occur  at  Tg  require  the  cleavage  of  cross- 
links for  certain  types  of  morphological  networks,  particularly  those  in  which 
regions  of  high  cross-link  density  form  the  continuous  phase. 
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The  sorption  of  moisture  by  epoxies  lowers  their  Tg's  and  correspondingly 
causes  them  to  soften  at  lower  temperatures.  The  lowering  of  the  Tg  by  a dil- 
uent. plasticization,  is  a result  of  a decrease  in  the  free  volume  (total  volume 
minus  molar  volume)  of  the  system  caused  by  the  addition  of  the  lower  free- 
volume  diluent.  The  free  volume  at  Tg  for  a wide  variety  of  glass-forming 
materials  has  been  shown  to  be  a constant  and  have  a critical  free-volumc  frac- 
tion of  0.025  of  the  total  volume  1 1 80- 1 82 ] . Kelley  and  Bueche  (183)  have 
derived  an  expression  relating  the  Tg  of  a polymer-diluent  system  to  that  of 
the  Tg’s  of  the  two  components.  The  Kelley-Buechc  equation  assumes  that 
the  free  volume  contributed  by  the  diluent  is  additive  to  that  of  the  polymer 
and  that  the  free  volumes  of  the  mixture  and  components  at  their  Tg’s  are  a 
universal  constant.  The  Kelley-Bueche  equation  for  the  Tg  of  the  polymer- 
diluent  system  is 

X = aPVPTgP  +ad(l  ~ Vp)Tgd 
g " apVp+otdd  - Vp) 

where  Tgp  = Tg  of  the  polymer 
Tg(j  = Tg  of  the  diluent 
dp  = coefficient  of  expansion  of  polymer 
ad  = coefficient  of  expansion  of  diluent 
Vp  = volume  fraction  of  the  polymer 

For  an  epoxy-water  system,  the  Kelley-Beuche  equation  must  be  used  in  a 
simplified  form.  The  coefficient  of  expansion  of  amorphous  water  between 
its  Tg  and  melting  point  (Tm  ) at  0°C  is  unknown.  Therefore,  assuming  ap  = 
ad,  the  Kelley-Beuche  equation  simplifies  to 

Tg  “ VpTgp  + (1  — Vp)Tgd  (2) 

Experimentally,  the  Tg  of  water  has  been  reported  in  the  128  to  142°K  range 
[184-189],  A good  empirical  rule  [190]  for  most  substances  is 

T„/Tm  at  1/2  to  2/3  (3) 


which  places  the  Tg  of  water  in  the  1 37  to  182°K  range.  In  Fig.  27  we  com- 
pare Browning's  [177]  experimentally  determined  Tg’sof  a BF3:NH2-C2H5 
catalyzed  TGDDM-DDS  epoxy-moisture  system,  which  contains  equilibrium 
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Fig.  27.  Theoretical  and  experimental  plots  of  Tg  vs  equilibrium  moisture 
weight  gain  for  BFjiN^-CjHj  catalyzed  TGDDM-DDS  (24  wt%  DDS)  epoxy- 
moisture system. 


i 


amounts  of  sorbed  moisture,  with  the  theoretically  calculated  values  of  Tg 
determined  from  Eq.  (2).  The  upper  limits  of  the  theoretical  plot  are  calcu- 
lated assuming  a Tg  of  water  of  1 82°K,  whereas  the  lower  limits  are  deter- 
mined utilizing  a Tg  of  1 35°K.  The  experimental  data  points  are  well  below 
the  theoretical  predictions.  This  discrepancy  could  be  caused  by  the  following 
phenomena:  (1)  the  strong  hydrogen-bonding  capability  of  water  could  pro- 
duce anomalous  effects,  or  (2)  if  the  epoxy  has  a heterogeneous-cross-link 
density  distribution,  moisture  will  preferentially  sorb  in  the  regions  of  low 
cross-link  density.  The  regions  of  low  cross-link  density  control  the  flow 
processes  that  occur  at  Tg.  Equilibrium  moisture  gains  are  determined  by 
assuming  a uniform  moisture  distribution.  However,  a nonuniform  distribu- 
tion could  lead  to  local  moisture  concentrations  in  low  cross-link  density  re- 
gions that  are  considerably  greater  than  those  implied  for  a uniform  moisture 
distribution.  Hence  the  depression  of  Tg  may  be  greater  than  that  expected 
for  a homogeneous  distribution  of  sorbed  water.  Therefore,  the  depression  of 
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Tg  of  TGDDM-DDS  epoxies  by  sorbed  moisture  is  considerably  greater  than 
that  predicted  theoretically. 

The  plasticization  of  epoxies  by  sorbed  moisture  has  generally  been  re- 
ported to  be  reversible  since  desorption  of  moisture  from  the  polymer  regen- 
erates the  original  physical  and  mechanical  properties  [1,2,  19,  82,  84,  86, 

88,  1 19-179] . However,  in  many  environments,  irreversible,  permanent- 
damage  regions  can  easily  be  produced  in  epoxies  during  the  moisture  sorption 
and  desorption  processes.  These  phenomena  will  be  discussed  in  later  sections. 


B.  Diffusion 

The  durability  of  epoxies  in  many  aerospace  service  environments  depends  on 
the  degree  of  deterioration  of  the  high-temperature  mechanical  properties 
caused  by  the  plasticizing  effect  of  sorbed  moisture  and  whether  this  phenom- 
enon is  adequately  considered  during  the  design  stage.  The  previous  relative- 
humidity-time-temperature  exposure  of  the  epoxy  component  and  the  diffu- 
sion characteristics  of  moisture  in  this  component  determine  the  moisture 
profile  and  the  resultant  mechanical  response  of  the  material.  Hence  the  diffu- 
sion characteristics  of  moisture  in  an  epoxy  component  are  critical  factors  for 
predicting  mechanical  response  and  durability  in  a given  service  environment. 

Many  diffusion  processes  can  be  adequately  described  by  Fick’s  laws  of 
diffusion  [191  ] . A number  of  workers  have  successfully  applied  Fick’s  second 
law  of  diffusion  to  the  sorption  and  desorption  of  moisture  in  epoxies  and 
epoxy  composites  and  have  predicted  the  moisture  profiles  as  a function  of 
time  for  specific  environmental  conditions  [1,2,  156,  158,  165,166,  167, 

169,  175,  177,  178],  Fick’s  second  law  for  one-dimensional  diffusion  is  given 
by 


dt  dxJ 


(4) 


where  c is  concentration,  D is  the  diffusion  coefficient,  and  x is  the  distance 
the  moisture  has  advanced  from  a given  boundary.  Equation  (4)  has  been 
solved  for  the  case  of  a flat  sheet  sorbing  vapor  at  both  faces  under  constant 
environmental  conditions.  The  solution  for  the  fraction  of  the  equilibrium 
amount  of  moisture  sorbed  in  time  t[M(tj]  is  given  by 
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where  V is  the  plate  thickness  [ I92| . From  linear  plots  of  M(t)  vs  (t),/2.  the 
Fickian  behavior  in  composites,  corrected  for  volume  effects,  was  identical 
with  that  of  the  neat  resins  [156,  1 58 1 . The  rates  of  moisture  sorption  in- 
creased with  temperature,  and  the  equilibrium  amount  of  moisture  was  direct- 
ly proportional  to  the  relative  humidity. 

At  high  moisture  contents  (M(t)  > 0.6),  Eq.  (5)  does  not  hold,  and  a num- 
ber of  methods  have  been  used  to  determine  the  moisture  profiles  in  epoxies 
and  epoxy  composites.  Estimates  within  1 5%  of  the  moisture  content  and  its 
distribution  have  been  obtained  from  a series  solution  of  Eq.  (4)  by  Shen  and 
Springer  (169)  and  from  a hyperbolic  tangent  method  developed  by  McKague 
(168) . Bohlmann  and  Derby  [ 178)  have  noted  that  a numerical-methods  tech- 
nique utilizing  a computer  program  [193]  must  be  used  to  account  for  the 
moisture  profile  for  transient  conditions  with  different  relative  humidities  at 
eacn  surface. 

The  utilization  of  Fickian  diffusion  as  the  controlling  mechanism  to  pre- 
dict the  concentration  and  distribution  of  sorbed  moisture  and  corresponding 
deterioration  in  the  high-temperature  mechanical  properties  can  lead  to  serious 
errors  in  the  durability  predictions  of  epoxies  in  many  environments.  Any 
damage  induced  in  the  epoxy  or  epoxy  composite  by  fabrication  and/or  en- 
vironmental conditions  can  cause  deviations  from  Fickian  diffusion  and  accel- 
erate moisture  sorption. 

Non-Fickian  diffusion  has  been  observed  in  polymers  [194]  in  which  the 
diffusion  coefficient  also  becomes  time  and  concentration  dependent.  This 
type  of  diffusion  has  generally  been  attributed  to  interaction  between  the 
polymer  and  penetrant  [ 195-202] , voids  in  the  polymer  [203-207] , and 
clustering  of  the  penetrant  in  the  polymer  [194,  208-212] . 

Non-Fickian  diffusion  of  moisture  in  epoxies  and  epoxy  composites  gener- 
ally results  from  the  perturbation  of  the  diffusion  processes  by  microvoids 
and/or  cracks.  These  voids  or  cracks  can  be  caused  by  many  factors  such  as 
one  or  a combination  of  the  following  phenomena:  (1)  swelling  stresses  in- 
duced by  the  sorbed  moisture  (see  Section  IV-C),  (2)  craze  cavitation  (see 
Section  IV-D),  (3)  formation  of  water  clusters  and  their  subsequent  elimina- 
tion from  the  glass  (see  Section  V),  and  (4)  high  surface  tensile  stresses  re- 
sulting from  temperature  and  moisture  gradients  (see  Section  V). 

Sorbed  moisture  can  modify  the  epoxy  network  and  therefore  the  moisture 
diffusion  characteristics  in  that  network.  These  network  modifications  can  be 
(1)  bond  cleavage  as  a result  of  swelling  stresses  [179]  and/or  relaxation  of 
fabrication  stresses,  (2)  formation  of  additional  cross-links  by  moisture- 
enhanced  mobility  of  unreacted  groups,  and  (3)  modification  of  the  free  vol- 
ume and/or  microvoid  characteristics. 
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In  epoxy  composites,  anamalous  diffusion  can  also  occur  as  a result  of  ( 1 ) 
accelerated  diffusion  along  the  fiber-matrix  boundary  interface  because  the 
presence  of  voids  at  the  interface  creates  a preferential  diffusion  path  ( 1 75 1 . 
and  ( 2 ) stress-biased  diffusion  caused  by  anisotropic  swelling  stresses  in  the 
composite  [21 3| . 

Hence  a number  of  phenomena,  some  of  which  have  been  alluded  to  in  this 
section  and  will  be  discussed  in  greater  depth  in  subsequent  sections,  can  cause 
non-Fickian  diffusion  of  moisture  in  epoxies  and  epoxy  composites.  This  non- 
Fickian  diffusion,  if  not  considered  during  the  design  stage  of  an  epoxy  com- 
ponent. can  seriously  modify  the  durability  in  many  long-term  applications. 


C.  Swelling 

Sorbed  moisture  causes  epoxies  to  swell  1 1 . 175,  1 77 j . The  swelling  stresses 
generated  by  the  sorbed  moisture  can  significantly  affect  the  durability  of 
epoxies  in  many  environments.  Swelling  stresses  caused  by  moisture  gradients, 
together  with  other  stresses  inherent  in  the  material,  such  as  fabrication  stresses, 
can  be  sufficiently  large  to  cause  localized  fracture  of  the  polymer  [177J  (see 
Section  IV-D).  For  example,  the  crazing  of  polystyrene  on  sorption  of  normal 
hydrocarbons  has  been  shown  to  result  from  a coupling  of  the  relaxation  of 
orientation  stresses  frozen  into  the  glass  and  the  swelling  stresses  which  are 
produced  at  the  boundary  between  the  swollen,  outer  regions  of  the  glass  and 
the  unswollen  core  [214-218).  Furthermore.  Fourier-transform  IR  spectros- 
copy suggests  that  the  swelling  stresses  are  sufficient  to  cleave  bonds  in  the 
cross-linked.  TGDDM-DDS  epoxy  system  [179| . Although  the  moisture- 
induced  swelling  of  epoxies  generally  results  in  only  a I to  27c  thickness  in- 
crease, these  dimensional  changes  can  result  in  high  stresses  in  a composite 
where  the  fibers  constrain  the  swelling. 

For  durability  predictions  of  epoxies,  the  local  magnitude  of  the  swelling 
stresses  and  strains  and  at  what  stressor  strain  they  produce  permanent  damage 
in  the  epoxy  glass  must  be  known.  Halpin  (175)  has  calculated  the  dilatation- 
al  strains  in  epoxies  assuming  volume  additivity  and  a homogeneous  w'ater  dis- 
tribution. However,  the  experimentally  observed  swelling  strains  were  greater 
than  predicted  by  theory  by  a factor  of  three  at  moisture  contents  <2%.  The 
swelling  of  elastomers  by  diluents  can  be  adequately  treated  by  the  kinetic 
theory  of  rubber  elasticity  utilizing  Gaussian  statistics  [67,  219,  220J . How- 
ever, the  swelling  of  a nonuniforni,  high  cross-link  density  epoxy  glass  is  con- 
siderably more  difficult  to  treat  on  a fundamental  level.  Gaussian  statistics 
cannot  be  utilized  at  high  cross-link  densities.  Also,  a heterogeneous  cross-link 
density  distribution  could  produce  nonuniform  diffusion  at  low  concentrations 
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as  has  been  suggested  for  other  heterogeneous  systems  (22I-225) . In  these 
systems,  some  of  the  penetrant  molecules  are  envisaged  to  dillusc  faster  along 
certain  unspecified  paths. 

To  compute  the  moisture  sorption  levels  for  specific  environmental  condi- 
tions that  cause  network  modification  and  subsequent  growth  of  permanent 
damage  regions  in  epoxies  requires  ( 1 ) further  experimental  and  theoretical 
studies  on  moisture-induced  swelling  stresses  and  strains,  and  (2)  a detailed 
knowledge  of  the  network  structure  and  the  stress  levels  in  the  presence  ol 
moisture  at  which  damage  occurs  in  the  network. 


D.  Modes  of  Deformation  and  Failure  and  Mechanical  Response 

In  Section  III,  evidence  is  presented  to  show  that  crazing  is  the  predominant 
mode  of  deformation  and  failure  in  the  TCDDM-DDS  and  DGEBA-DETA 
epoxy  systems.  In  any  durability  prediction,  it  is  vital  to  understand  how 
sorbed  moisture  modifies  the  crazing  process  and  mechanical  response.  Sorbed 
low-molecular-weight  liquids  generally  cause  failure  in  polymers  by  inducing 
crazing  or  cracking  at  stresses  much  lower  than  those  observed  in  their  absence. 
Numerous  studies  [22,  82,  84,  86,  88,94,  170-172,  211.214-218,  225-269] 
on  the  interaction  of  low-molecular-weight  diluent  molecules  on  the  crazing 
process  have  illustrated  that  this  phenomenon  is  complex  and  not  completely 
understood  on  a molecular  level.  This  section  reviews  the  basic  physical  phe- 
nomena responsible  for  modification  of  the  crazing  process  in  the  presence  of 
low-molecular-weight  diluent  molecules,  presents  evidence  that  sorbed  mois- 
ture modifies  the  crazing  process  and  mechanical  response  of  TGDDM-DDS 
epoxies,  and  discusses  the  implications  of  these  findings  in  relation  to  the 
durability  of  TGDDM-DDS  epoxies. 

The  modification  of  craze  initiation  and  propagation  by  the  presence  of 
diluents  can  occur  as  a result  of  plasticization  [227]  and/or  surface  energy 
reduction  [234] . The  presence  of  the  diluent  at  the  craze  tip  can  reduce  the 
surface  energy  of  the  polymer,  facilitating  the  creation  of  a new  surface  [263] . 
For  an  sorbed  diluent  layer  at  least  a few  molecules  thick,  the  interfacial  sur- 
face energy  participating  in  craze  cavitation  can  be  reduced  from  the  higher 
polymer-air  surface  energy  value.  The  plasticization  of  the  polymer  at  the 
craze  tip  by  the  diluent  lowers  the  shear  yield  stress  which  is  also  active  in  the 
craze  cavitation  process.  The  stress  concentration  at  the  craze  tip  increases 
the  fractional  free  volume  of  the  polymer  which  both  enhances  sorption  of 
the  diluent  and  lowers  the  Tg  of  the  polymer  [22,  263] . 

Andrews  and  co-workers  [231 , 244,  249]  have  shown  that  solvent  craze 
formation  (W)  is  governed  by  the  cavitation  properties  of  a solvated  zone  of 
polymer  at  the  craze  tip: 
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W - 4.84(h7/p)l2/3  + 0.66Yi/dif  ((,) 

where  h is  the  craze  thickness,  y the  interfacial  energy  of  the  voids,  p the  mean 
distance  between  the  void  centers,  f the  void  fraction,  Y the  shear  yield  stress, 
and  1 1/  a constant  with  a value  of  4.4.  These  threshold  conditions  for  craze 
cavitation  depend  on  the  work  necessary  to  produce  plastic  yielding  and  the 
work  necessary  to  create  void  interlaces.  The  yield  stress  is  strongly  tempera- 
ture dependent  relative  to  the  surface  energy  term.  Andrews  and  co-workers 
showed  that  W decreases  with  temperature  and  that,  above  a critical  tempera- 
ture Tc.  W assumes  a minimum  constant  value  W0.  The  temperature  Tc  has 
been  associated  with  the  Tg  of  the  plasticized  swollen  polymer  at  the  craze  tip. 
1 lie  yield  stress  term  in  Eq.  ( 1 ) reduces  to  near  zero  at  Tg  because  Y = 0 at  or 
above  Tg.  When  Y = 0.  W is  dependent  only  on  the  temperature-independent 
surface  energy  term. 

More  recently,  Kambour  and  co-workers  [250J  have  suggested  that  the  plas- 
ticization effect  is  the  more  important  factor  in  solvent  crazing.  They  reported 
that  the  solvent-crazing  resistance  of  undiluted  polystyrene  is  the  same  as  that 
ot  the  preplasticized  polystyrene  in  air.  This  finding  implies  that  the  presence 
ol  a liquid/polymer  interface  is  not  critical  to  crazing  ffectiveness  of  a given 
diluent.  These  workers,  therefore,  concluded  that  liquids  do  not  appear  to 
reduce  crazing  resistance  by  flowing  into  and  wetting  the  surface  of  holes  as 
they  form. 

There  have  been  a number  of  efforts  to  correlate  the  modification  of  the 
craze-crack  behavior  ot  the  polymer  in  the  presence  of  a diluent  with  the  sol- 
ubility parameters  of  the  polymer  and  diluent.  Bernier  and  Kambour  [233j 
studied  the  effect  of  a variety  of  liquids  on  the  failure  of  poly(2,6-dimethyl- 
1 ,4-phenylene  oxide).  They  concluded  that  a liquid  acts  as  a solvent  when  its 
solubility  parameter  is  close  to  that  of  the  polymer.  When  the  difference  be- 
tween the  solubility  parameters  of  the  liquid  and  polymer  is  small,  the  liquid 
promotes  cracking;  when  this  difference  is  large,  crazing  is  enhanced.  Vincent 
and  Raha  [240] , however,  found  that  a more  effective  representation  of  the 
solvent-cracking  versus  crazing  behavior  is  obtained  by  considering  the  capac- 
ity of  each  liquid-to-hydrogen  bond  in  addition  to  its  solubility  parameter. 

Kambour  and  co-workers  [233,  239)  have  also  shown  a close  correlation 
between  the  critical  strain  for  craze  or  crack  formation  (ec)and  the  solubility 
parameter  of  the  diluent.  Subsequently,  Andrews  and  Bevan  [244]  found 
that  the  work  of  solvent  craze  formation  (W)  above  the  Tg  of  the  plasticized 
polymer  at  the  craze  tip  is  a smooth  function  of  the  difference  in  the  solubility 
parameters  of  the  polymer  (5p)  and  the  diluent  (5d),  (6p  - 5d).  These  work- 
ers also  found  that  W exhibits  a minimum  at  6p  6d.  More  recently,  Mai 
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|269)  lias  reported  that  W-6<j  relations  are  not  affected  by  hydrogen  bonding. 
Despite  these  reported  correlations  between  the  solubility  parameters  of  poly- 
mer and  diluent  and  the  work  ol  craze  cavitation  formation,  the  modification 
ot  craze  initiation  and  propagation  in  a specific  polymer  by  a given  diluent 
cannot  be  predicted  a priori.  The  polymer-diluent  interactions  on  a molecular 
level  and  the  effect  of  these  interactions  on  plasticization  and  swelling  behavior 
at  the  craze  tip  are  not  understood.  For  example,  the  role  of  factors,  such  as 
the  size  and  shape  of  the  diluent  molecule  [270,  271],  the  rotational  isomeric 
configurations  of  the  polymer,  and  the  flexibility  of  the  polymer  chains  in 
polymer-diluent  interactions,  are  not  fully  understood. 

There  are  a number  of  additional  phenomena  that  play  a significant  role  in 
solvent  crazing.  For  an  initially  undiluted  polymer  that  is  stressed  in  a diluent 
environment,  Williams  and  co-workers  [236,  245,253,  260,  267]  have  deter- 
mined that  the  craze  growth  rate  is  controlled  by  the  slower  of  either  the  re- 
laxation processes  of  the  polymer  or  the  rate  of  flow  of  the  diluent  through 
the  porous  craze  structure.  Mai  and  co-workers  [265,  269]  have  investigated 
the  effects  of  diluents  on  polymer  fracture  toughness  as  a function  of  crack 
velocity.  Hopfenberg  and  co-workers  [214-218]  have  shown  that  solvent 
crazing  can  be  significantly  enhanced  by  any  orientation  present  in  the  poly- 
mer. Crazing  has  been  shown  to  occur  at  the  boundary  between  the  outer 
swollen  gel  and  the  unpenetrated  glassy  core  of  the  polymer  when  the  com- 
bined orientation  and  swelling  stresses  are  sufficiently  large  to  cause  craze 
cavitation  and  propagation.  Subtle  differences  in  polymer  orientation  can 
result  in  significant  changes  in  the  rate  of  solvent  crazing.  These  workers  also 
found  that  crazing  can  occur  upon  either  sorption  or  desorption  of  the  diluent 
from  the  glassy  polymer  which  depend  on  variations  in  the  thermal  and  me- 
chanical histories  of  the  glass. 

Distribution  of  the  diluent  within  the  polymer  is  another  significant  factor 
affecting  craze  initiation  and  growth  characteristics.  Andrews  and  co-workers 
[231 , 244,  249]  assume  an  initial  homogeneous  distribution  of  diluent  within 
the  polymer,  but  in  many  service  environments  clustering  of  the  diluent  in  the 
polymer  may  occur.  For  example,  sorption  of  the  diluent  into  the  polymer 
at  elevated  temperatures  could  cause  the  polymer  to  be  saturated  with  the 
diluent.  When  the  polymer  is  subsequently  cooled,  the  solubility  of  the  dil- 
uent in  the  polymer  is  lowered,  and  regions  of  high  diluent  concentration  or 
even  diluent  clusters  can  form  in  the  polymer  [212,  270,  271] . Dynamic 
mechanical  studies  of  such  polymer-diluent  systems  suggest  that  the  regions 
of  high  diluent  concentration  are  small,  ~10  nm  [270,271],  These  regions 
would  preferentially  be  highly  plasticized  which  would  lower  the  local  shear 
yield  stress  and  favor  cavitation.  Within  these  regions  of  high  diluent  concen- 
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nation  t lie  surtace  energy  associated  wit li  void  lorniation  would  also  be  low- 
ered il  the  surface  tension  ol  the  diluent  were  lower  than  that  of  the  polymer 
1-72.  27 3 1 . It  is  possible  that  the  regions  ol  high  diluent  concentration,  be- 
cause ol  their  small  size,  would  lavor  craze  cavitation  but  not  significantly 
plasticize  the  craze  librils.  For  these  conditions,  crazes  would  form  more 
easily,  but  the  librils  would  possess  good  load-bearing  capability.  This  hypoth- 
esis may  explain  why  poor  solvents  act  as  good  crazing  agents  because  of  their 
tendency  to  cluster,  whereas  good  solvents  act  as  cracking  agents  because  they 
are  homogeneously  distributed  throughout  the  glass,  thereby  plasticizing  and 
softening  the  craze  fibrils. 

There  have  been  few  studies  on  the  modification  of  the  modes  of  deforma- 
tion and  failure  of  thermosets  by  water  [84.86,88,  170,  1 72 1 . Generally, 
such  studies  reported  changes  in  fracture  toughness  induced  by  water  with  no 
attempt  to  explain  such  changes  in  terms  of  modification  of  the  microscopic 
modes  ol  deformation  and  failure. 

We  have  recently  studied  the  effect  of  sorbed  moisture  on  the  tensile  me- 
chanical properties  and  fracture  topographies  of  TGDDM-DDS  (27  wt%  DDS) 
epoxy  as  a function  of  test  temperature.  In  Fig.  28  the  tensile  strength,  ulti- 
mate elongation,  and  Young’s  modulus  ol  both  initially  wet  and  dry  epoxies 
are  shown  as  a function  of  test  temperature.  The  wet  epoxies  exhibit  lower 
tensile  strengths,  ultimate  elongations,  and  moduli  than  the  dry  epoxies  from 
room  temperature  to  150°C.  Plasticization  of  the  epoxy,  including  a softening 
of  the  craze  fibrils  by  the  sorbed  moisture,  could  cause  such  a deterioration  in 
the  mechanical  properties.  Above  150°C,  the  mechanical  properties  of  both 
the  initially  wet  and  dry  epoxies  start  to  merge  because  significant  amounts  of 
moisture  are  eliminated  from  the  wet  glasses  during  the  time  of  the  test. 

The  microscopic  yield  stress  (that  stress  at  the  onset  of  nonlinear  behavior 
in  the  tensile  stress-strain  curve)  is  shown  in  Fig.  29  as  a function  of  test  tem- 
perature for  both  initially  wet  and  dry  TGDDM-DDS  (27  wt%  DDS)  epoxies. 
(This  yield  stress  is  ciosely  associated  with  the  onset  of  localized  How  and 
cavitation.)  The  microscopic  yield  stress  of  the  wet  epoxies  is  lower  than  that 
of  the  dry  glasses  from  room  temperature  to  150°C.  as  shown  in  Fig.  29. 

Above  1 50°C.  the  yield  stresses  of  the  wet  and  dry  epoxies  merge  because 
vzater  is  eliminated  from  the  wet  specimens  during  the  test. 

From  room  temperatuic  to  150°C,  the  lower  yield  stresses  of  the  epoxies 
containing  4 wt%  sorbed  moisture,  relative  to  those  of  the  dry  epoxies,  are 
equivalent  to  lowering  the  dry  yield  stresses  100  to  125°C  on  the  temperature 
scale.  However,  the  Tg  of  this  epoxy  is  lowered  only  ~60°C  by  ~4  wt% 
sorbed  moisture  (see  Fig.  27).  These  observations  imply  that  the  craze  cavita- 
tion stress  is  more  susceptible  to  sorbed  moisture  than  the  main  Tg.  Hence  the 
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Fig.  28.  Tensile  strength,  ultimate  elongation,  and  Young’s  modulus  of 
initially  wet  (~4  wt%  sorbed  moisture)  and  dry  TGDDM-DDS  (27  wt%  DDS) 
epoxies  as  a function  of  test  temperature  (strain  rate  ~10':/min). 

magnitude  the  Tg  is  lowered  on  the  temperature  scale  by  sorbed  moisture  can- 
not be  utilized  to  predict  any  modification  of  the  formation  of  permanent 
damage  regions  in  these  epoxies.  The  craze  cavitational  stress  is  more  sensitive 
to  sorbed  moisture  than  the  Tg  for  a heterogeneous  distribution  of  moisture 
in  the  epoxy.  High  moisture  concentrations  in  localized  regions  enhance  cavi- 
tation by  plasticization  which  results  in  a lower  local  shear  yield  stress.  The 
overall  Tg  of  the  epoxy,  however,  is  generally  measured  on  a macroscopic 
level  and  is  not  sensitive  to  high  local  moisture  concentrations.  The  surface 
energy  for  formation  of  a fresh  surface  when  cavitation  occurs  is  not  enhanced 
by  the  presence  of  local  concentrations  of  moisture  because  the  surface  ten- 
sion of  water  (7.2  Pa)  is  greater  than  that  of  the  epoxy  (~4  to  5 Pa)  [274] . 
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Fig.  29.  Microscopic  yield  stress  (strain  rate  ~10~2/min)  of  initially  wet 
(~4  wt%  sorbed  moisture)  and  dry  TGDDM-DDS  (27  wt%  DDS)  epoxies  and 
water  vapor  pressure  as  a function  of  temperature. 


(Moisture  was  introduced  into  the  TGDDM-DDS  epoxies  at  135°C  in  an  auto- 
clave, and  the  samples  were  then  cooled  to  room  temperature.  The  decrease 
in  solubility  of  moisture  in  epoxies  on  lowering  the  temperature  results  in 
local  regions  of  high  moisture  concentrations  (212,  270,  271] .) 

Fracture  topography  studies  also  indicate  that  craze  deformation  and  fail- 
ure modes  in  epoxies  are  modified  by  sorbed  moisture.  The  optical  micro- 
graphs in  Fig.  30  compare  the  room-temperature  fracture  topography  of  a dry 
TGDDM-DDS  (27  wt%  DDS)  epoxy  with  one  containing  ~4  wt%  sorbed 
water.  The  smooth,  mirror-like  region  in  the  wet  sample  is  considerably  larger 
than  in  the  dry  sample.  The  extent  of  the  mirror-like  region  is  a measure  of 


Fig.  30.  Optical  micrographs  of  room-temperature  fracture  surfaces  of 
(a)  dry  and  (b)  wet  (4  wt%  sorbed  moisture)  TGDDM-DDS  (27  wt%  DDS) 
epoxy. 


I 
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Fig.  31.  Scanning  electron  micrograph  of  cavities  in  the  fracture  topog- 
raphy initiation  region  of  wet  TGDDM-DDS  (27  wt%  DDS)  epoxy  (4  wt% 
sorbed  moisture)  which  was  fractured  at  room  temperature  at  a strain  rate  of 
~10'2/min. 

the  area  in  which  crack  propagation  occurs  through  a preformed  craze.  Hoare 
and  Hull  (102]  suggested  that  this  area  depends  on  the  ease  of  craze  growth, 
crack  nucleation,  and  crack  growth  within  the  craze.  The  area  of  the  mirror- 
like region  increases  with  test  temperatures  as  illustrated  in  Fig.  22.  The  ex- 
tent of  this  region  in  the  wet  specimen  that  fractured  at  room  temperature  is 
equivalent  to  that  in  a dry  specimen  fractured  at  12S°C. 

Scanning  electron  micrographs  of  the  fracture  toppgraphy  initiation  regions 
in  the  wet  TGDDM-DDS  epoxies  reveal  numerous  cavities,  as  illustrated  in 
Fig.  31.  The  cavities  are  more  numerous  than  those  observed  in  dry  epoxy 
glasses  fractured  under  similar  conditions.  This  observation  suggests  that 
sorbed  moisture  in  these  epoxies  enhances  cavitation. 
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Hence  the  data  illustrated  in  Figs.  28-31  suggest  that  sorbed  moisture  lowers 
the  craze  initiation  and  propagation  stresses  in  TGDDM-DDS  epoxies.  The 
sorbed  moisture  has  a more  severe  effect  on  the  crazing  process  than  the  Tg, 
probably  as  a result  of  the  presence  of  islands  of  high  moisture  concentration. 

The  enhancement  of  craze  cavitation  and  propagation  in  TGDDM-DDS 
epoxies  by  sorbed  moisture  directly  affects  the  durability  of  these  glasses  in 
humid  environments.  The  plasticizing  effect  of  sorbed  moisture  on  TGDDM- 
DDS  epoxies  is  already  abnormally  large  (see  Section  IV-A).  However,  local 
concentrations  of  sorbed  moisture  lower  the  local  shear  yield  stress  to  an  even 
greater  extent  than  that  expected  from  the  observed,  macroscopic  lowering  of 
the  Tg.  Such  high,  local  moisture  concentrations  can  form  in  microvoids,  in 
the  porous  structure  of  a preformed  craze,  or  from  moisture  sorption  at  ele- 
vated temperature  followed  by  exposure  of  the  epoxy  to  lower  temperature. 
The  ease  of  diffusion  of  moisture  through  a porous  craze  structure  and  its  ac- 
cumulation near  the  craze  tip  where  it  enhances  cavitation  must  be  considered 
a significant  mechanism  for  the  growth  of  permanent  damage  regions  in  these 
glasses  in  humid  environments,  particularly  in  view  of  the  low  stress  levels  at 
which  cavitation  generally  occurs  in  polymer  glasses  (Fig.  29). 


V.  FACTORS  THAT  CONTROL  THE  DURABILITY  OF  EPOXIES 

In  service  environment,  the  durability  of  epoxies  depends  on  a complex  num- 
ber of  interacting  phenomena.  The  factors  that  control  the  critical  path  to 
ultimate  failure  or  unacceptable  damage  depend  specifically  on  the  particular 
environmental  conditions.  In  this  section,  all  possible  factors  that  generally 
affect  the  durability  of  epoxies  in  service  environments  are  reviewed,  and  some 
of  the  critical  environments  that  affect  the  durability  of  epoxies  and  the  dif- 
ficulties in  predicting  their  long-term  durability  are  discussed. 

The  durability  of  an  epoxy  component  depends  on  the  structure  and  physi- 
cal state  of  the  epoxy  after  cure  and  fabrication.  Figure  32  illustrates  the  pri- 
mary phenomena  that  are  dependent  on  cure  and  fabrication  conditions  and 
that  also  affect  the  durability  of  epoxies.  These  phenomena  include  the  net- 
work structure,  microvoid  characteristics  (considered  in  Section  11),  and  fab- 
rication stresses.  Stresses  can  arise  in  the  epoxy  during  fabrication  from  (1) 
shrinkage  of  the  epoxy  during  cure,  (2)  temperature  gradients  within  the 
sample  during  cure,  and  (3)  the  mismatch  in  the  coefficients  of  expansion  of 
the  epoxy  matrix  and  fiber  in  an  epoxy  composite  [275,  276] . Temperature 
gradients,  which  are  worse  in  thick  specimens,  can  cause  one  region  of  the 
epoxy  to  form  a glass  prior  to  other  regions  during  cure.  Once  the  epoxy  has 
formed  a glass  at  the  cure  temperature,  stresses  develop  in  a composite  on 
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Fig.  32.  Schematic  of  cure  and  fabrication  factors  that  affect  the  durabil- 
ity of  epoxies. 


cooling  to  room  temperature  because  of  the  difference  in  the  coefficients  of 
expansion  of  matrix  and  filler.  Such  stresses  are  complex  and  intimately  de- 
pend on  the  distribution  of  the  fibers  in  the  epoxy  matrix.  The  theoretical 
treatment  of  the  stresses  and  strains  that  arise  from  thermal  expansion  and 
shrinkage  differences  in  composites  has  recently  been  reviewed  by  Hale  [277] . 

Several  environmental  factors  can  cause  growth  of  the  flaws  produced  dur- 
ing cure  and  fabrication  and/or  formation  of  new  permanent  damage  regions. 
Figure  33  illustrates  the  environmental  factors  that  contribute  to  the  forma- 
tion of  permanent  damage  regions  and,  hence,  directly  limit  the  durability  of 
epoxies.  The  primary  environmental  factors  are  service  stresses,  humidity, 
temperature,  and  solar  radiation. 

Normal  service  stresses,  particularly  in  combination  with  environmental 
and  fabrication  stresses,  can  cause  formation  of  permanent  damage  regions 
in  epoxies.  Solar  radiation  can  induce  surface  cross-linking  and/or  a lowering 
of  molecular  weight  which  will  cause  surface  stresses  and  possible  microcrack- 
ing [278] . (There  is  no  evidence,  at  present,  to  suggest  that  TGDDM-DDS 
epoxies  are  particularly  susceptible  to  radiation-induced  chemical  changes.) 

Temperature  effects  can  also  contribute  to  the  formation  of  permanent 
damage  regions.  High  temperatures  can  cause  trapped,  unreacted,  low-molec- 
ular-weight  material  to  be  evolved  from  the  epoxy,  resulting  in  microvoids 
(see  Section  11-B).  Thermal  gradients  can  cause  stresses  in  epoxy  components. 
Such  gradients  can  be  caused  by  sunlight  heating  only  one  surface  or  from  a 
thermal  spike  caused  by  aerodynamic  heating  during  high-speed  dashes  by  an 
aircraft  followed  by  rapid  cooling  when  speed  is  reduced. 
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Fig.  33.  Schematic  of  environmental  factors  that  affect  the  durability  of 
epoxies. 

The  sorption  of  moisture  by  epoxies  can  cause  a number  of  phenomena 
which  may  contribute  to  the  formation  of  permanent  damage  regions.  Mois- 
ture-induced plasticization,  in  addition  to  enhancing  crazing,  increases  the 
mobility  within  the  epoxy  which  may  lead  to  additional  cure.  Sorbed  mois- 
ture causes  swelling  stresses  which  are  particularly  serious  at  the  boundary  be- 
tween the  outer  swollen  region  and  the  inner  unswollen  core.  The  sorption 
and  desorption  of  moisture  causes  oscillatory  swelling  stresses  which  are  equiv- 
alent to  subjecting  the  epoxy  to  fatigue.  The  sorption  and  desorption  of  mois- 
ture could  result  in  leaching  from  the  epoxy  any  unreacted,  low-molecular- 
weight  material,  resulting  in  microvoids.  The  formation  of  water  clusters  (see 
Section  IV-D)  and  their  subsequent  elimination  can  also  result  in  the  forma- 
tion of  microvoids  in  epoxies.  Bair  and  Johnson  [212]  have  directly  shown 
that  cavities  are  produced  in  a polyethylene-water  system  by  such  a mechanism. 

There  are  many  possible  critical  paths  involving  the  effects  of  the  original 
network  structure,  microvoid  characteristics,  and  fabrication  stresses  together 
with  service  stresses,  moisture,  temperature,  and  solar  radiation  exposure  of 
epoxies  that  will  lead  to  formation  and/or  growth  of  permanent  damage  re- 
gions. The  critical  path  that  causes  damage  and  that  predominates  in  a given 
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Fig.  34.  Thermal  spike  experienced  by  outer  surface  of  epoxy  component 
as  a result  of  a supersonic  maneuver. 


service  environment  often  depends  on  a complex  series  of  interacting  phenom- 
ena which  were  illustrated  as  separate  entities  in  Figs.  32  and  33. 

The  most  extreme  environmental  conditions  experienced  by  components 
on  a fighter  aircraft  occur  during  a supersonic  dash.  The  aircraft  dives  from 
high  altitudes  (outer  surface  temperature  -20  to  -55°C)  into  a supersonic, 
low-altitude  run  during  which  the  surface  temperature  rises  in  minutes  to  100 
to  1 50°C  as  a result  of  aerodynamic  heating.  On  reduction  of  speed,  the  outer 
surface  temperature  drops  extremely  rapidly.  In  Fig.  34  a temperature  profile 
of  the  outer  surface  of  the  aircraft  component  as  a function  of  time  illustrates 
the  thermal  spike  that  the  outer  surface  receives  during  the  supersonic  maneu- 
ver. This  particular  thermal  spike  has  been  utilized  by  McKague  [168]  and 
Browning  ( 1 77 1 in  their  studies  of  the  simulation  of  real-life  environmental 
conditions  on  the  durability  of  epoxies  and  epoxy  composites.  McKague 
1 168)  lound  that  epoxy  laminates  are  damaged  after  thermal-spike  exposures 
as  indicated  by  abnormal  increases  in  moisture  sorption.  Browning  [177] 
found  similar  evidence  of  thermal-spike-induced  damage  in  unfilled  TGDDM- 
DDS  epoxies.  After  exposure  to  thermal  spikes,  this  epoxy  exhibited  numer- 
ous surface  microcracks.  Browning  [177]  suggests  that  damage  occurs  during 
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the  rapid  cool-down  portion  of  the  spike  at  which  the  rate  is  ~500°C/nun. 

The  rapid  cool-down  rate  causes  the  exterior  of  the  epoxy  component  to  be 
cooler  than  the  interior,  which  results  in  surface  tensile  stresses.  In  addition, 
moisture  is  driven  from  the  exterior  but  not  from  the  interior  of  the  compo- 
nent during  the  temperature-rise  portion  of  the  spike,  which  leads  to  a mois- 
ture gradient.  The  larger  swelling  stresses  in  the  interior  of  the  material  rela- 
tive to  the  less  swollen  exterior  results  in  surface  tensile  stresses  which,  to- 
gether with  those  stresses  that  result  from  the  temperature  gradients,  are  suf- 
ficiently large  to  cause  growth  of  permanent  damage  regions  by  a crazing 
mechanism.  During  the  short  duration  of  the  thermal  spike,  some  moisture 
remains  in  the  epoxy  surface  region  and  lowers  the  craze  cavitation  stress  (see 
Section  IV-D),  thereby  enhancing  the  possibility  of  surface  damage. 

The  less  rapid  heating  rate  of  the  thermal  spike  could  also  possibly  cause 
damage  as  a result  of  expanding,  superheated  steam  momentarily  trappe.  in 
a microvoid.  At  1 50°C,  a small  vapor  pressure  could  cause  microvoid  expan- 
sion because  the  yield  stress  of  the  highly  plasticized  microvoid  walls  is  negli- 
gible at  this  temperature.  (In  Fig.  29  the  water  vapor  pressure  is  plotted  as  a 
function  of  temperature;  at  150°C  the  vapor  pressure  is  similar  in  magnitude 
to  the  yield  ■stress  of  the  wet  epoxy  assuming  the  dry  epoxy  yield  stress-tem- 
perature plot  is  shifted  100  to  125°C  on  the  temperature  scale  by  sorbed  mois- 
ture.) At  MDRL.  moisture-saturated  epoxies  have  been  rapidly  heated  by  in- 
troduction into  a preheated  oven  in  the  50  to  1 50°C  range.  Mechanical  prop- 
erty and  fracture  topograph’  observations  do  not  indicate  ’ny  significant 
evidence  of  microvoid  growl  ■ as  a result  of  water  vapor  pressure.  Therefore, 
at  present,  the  primary  mode  of  damage  during  a thermal  spike  occurs  during 
the  rapid  cool-down  period. 

The  thermal  spike  utilized  by  McKague  [168]  and  Browning  [177]  is  one 
of  the  more  severe  spikes  in  terms  of  maximum  temperature  and  rate  of  cool- 
down. Recently.  Bohlmann  and  Derby  [178]  found  no  evidence  of  damage 
in  graphite-epoxy  laminates  for  the  less-severe  thermal  spike  condition  which 
the  Space  Shuttle  Orbiter  will  experience  (assuming  a cool-down  rate  of  only 
4°C/min). 

For  less-severe  environmental  conditions  than  those  that  involve  super- 
sonic maneuvers,  it  is,  at  present,  difficult  to  predict  the  long-term  effects  of 
fabrication  and  environmental  factors  on  the  durability  of  epoxies  in  specific 
environments.  Such  a priori  predictions  require  knowledge  of  the  structure- 
property  relations  of  epoxies,  the  magnitude  and/or  duration  of  fabrication, 
environmental  and  service  stresses  placed  on  the  material,  and  a detailed 
understanding  of  other  fabrication  and  environmental  factors  alluded  to  in 
Figs.  32  and  33.  However,  the  present  state  of  knowledge  of  epoxies  and  com- 
posite materials  does  not  yield  all  such  required  information. 
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Furthermore,  an  understanding  of  the  interactions  of  the  various  fabrica- 
tion and  environmental  factors  that  affect  the  durability  of  thermosets  or 
their  composites  has  received  little  attention.  Blaga  and  Yamasaki  1 1 59]  have 
studied  and  suggested  the  critical  phenomena  affecting  the  weathering  of 
glass-reinforced  polyesters.  In  their  studies  they  propose  that  damage  occurs 
in  surface  regions  under  the  combined  action  of  radiation-induced  tensile 
stresses  in  the  surface  region  together  with  physically  induced  stress  fatigue. 
Tensile  stresses  in  the  surface  region  are  caused  by  shrinkage  of  the  matrix 
that  results  from  cross-linking  induced  by  the  UV  radiation.  Stress  fatigue  is 
imposed  on  the  composite  system  by  physically  induced  alternating  stresses 
produced  by  cyclic  variation  of 'emperature  and  probably  moisture  resulting 
from  thermal  and  moisture  gradients  and  inhomogeneities.  The  resin  in  the 
interface  region  is  damaged  by  stress  fatigue  resulting  from  the  differential 
dimensional  changes  between  glass  and  matrix,  induced  by  moisture  and/or 
temperature  cyclic  variations.  Under  the  influence  of  alternating  cyclic 
stresses  and  in  conjunction  with  chemical  degradation  of  the  matrix,  the 
interface  region  undergoes  cracking,  fracture,  and  fiber  delamination.  These 
workers  note  that  the  stresses  at  the  interface  are  complex. 


VI.  CONCLUSIONS 

The  structure-property  relations  of  TGDDM-DDS  and  DGEBA-DETA  epoxies, 
the  effects  of  sorbed  moisture,  and  the  fabrication  and  environmental  factors 
that  control  the  durability  of  epoxies  have  been  reviewed.  The  primary  con- 
clusions are  summarized  as  follows. 

A,  Structure-Property  Relations 

The  modes  of  deformation  and  failure  and  mechanical  response  of  epoxies 
are  controlled  by  the  epoxy  network  structure  and  microvoid  characteristics. 

The  cross-link-density  distribution  in  epoxy  networks  can  be  heterogeneous 
with  regions  of  low  cross-link  density  controlling  the  flow  processes.  Steric 
and  diffusional  restrictions  inhibit  cross-link  reactions  during  the  latter  stages 
of  cure  and  limit  the  overall  achievable  cross-link  density. 

Microvoids,  which  act  as  stress  concentrations  and  sinks  for  sorbed  mois- 
ture, can  be  formed  in  epoxies  as  a result  of  clusters  of  unreacted,  low-molec- 
ular-weight material  ejected  from  the  epoxies  during  cure. 

The  epoxies  deform  and  fail  predominantly  by  a crazing  process.  The 
TGDDM-DDS  epoxies  also  deform  to  a limited  extent  by  shear  banding. 
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B.  Sorbed  Moisture 

Epoxies  arc  plastici/.cd  by  sorbed  moisture,  and  their  Tg's  are  lowered  to  a 
greater  extent  than  predicted  front  free-volume  considerations.  Strong  hydro- 
gen bonding  or  the  preferential  accumulation  of  moisture  in  regions  of  low 
cross-link  density  could  explain  the  anomalous  plasticization. 

Moisture  diffusion  in  epoxies  can  be  adequately  described  by  Fick's  laws 
ol  dillusion.  Non-Fickian  diffusion  with  accelerated  moisture  sorption  will 
occur,  however,  in  environments  that  cause  microvoid  or  crack  formation  in 
the  epoxies. 

Local  swelling  stresses  generated  by  the  sorption  of  moisture  in  epoxies 
cannot  be  predicted  accurately  without  a detailed  knowledge  of  the  epoxy 
network  structure  and  the  moisture  distribution  within  the  network. 

Sorbed  moisture  enhances  the  craze  cavitation  and  propagation  processes 
in  the  epoxies  by  plasticization.  The  craze  cavitation  stress  is  more  susceptible 
to  sorbed  moisture  than  Tg,  particularly  when  microscopic  regions  of  high- 
moisture  concentration  are  present  in  the  epoxy.  Therefore,  modification  of 
Tg  by  sorbed  moisture  cannot  alone  be  utilized  as  a sensitive  guide  to  predict 
deterioration  in  the  mechanical  response  and  durability  of  epoxies. 

C.  Durability 

Permanent  damage  regions  can  form  on  the  surface  of  epoxy  components 
when  aircraft  perform  supersonic  maneuvers.  Such  maneuvers  can  impose 
surface  tensile  stresses  greater  than  the  epoxy  craze  cavitation  stress  as  a result 
of  severe  temperature  and  moisture  gradients. 

To  predict  the  durability  of  epoxies  with  confidence  in  less  extreme  en- 
vironmental conditions  requires  a detailed  knowledge  of  the  service  environ- 
ment, the  structure-property  relations  of  epoxies,  the  effect  of  fabrication 
and  environmental  factors,  and  their  complex  interactions  on  the  formation 
of  permanent  damage  regions.  The  present  knowledge  of  epoxies  and  com- 
posite materials  is  not  sufficiently  advanced  to  achieve  accurate  predictions. 
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Introduction 

High-performance  epoxy-graphite  or  epoxy-boron  liber  composites  are  often  utilized  in  extreme 
service  environments,  particularly  in  the  aerospace  industry.  A number  of  laboratory  and  Held 
studies  have  indicated  that  the  combined  effects  of  sorbed  moisture  and  thermal  environment 
can  cause  significant  changes  in  the  mechanical  response  of  these  materials  1 1 ,2] . The  long-term, 
in-service  durability  of  epoxy  composites  is  unknown  primarily  because: 

( 1 ) long-term,  in-service  aging  characteristics  are  difficult  to  simulate  by  short-term  laboratory 
and/or  field  tests,  and 

(2)  the  basic  phenomena  responsible  for  the  changes  in  the  epoxy  matrix,  the  epoxy-fiber 
interfacial  region,  and  the  overall  mechanical  response  of  the  composite  have  not  all  been 
identified  and/or  understood. 

There  are  three  basic  areas  necessary  for  meaningful  epoxy  durability  predictions: 

( 1 ) the  structure  of  epoxies,  their  modes  of  deformation  and  failure,  and  the  structural  param- 
eters controlling  these  modes; 

(2)  the  effects  of  sorbed  moisture  on  the  epoxy  structure,  properties,  and  modes  of  deforma- 
tion and  failure;  and 

(3)  the  complex  fabrication  and  environmental  phenomena  affecting  the  durability  in  service 
environments. 

Experimental 

Material 

The  primary  epoxy  system  considered  in  this  paper  is  diaminodiphenyl  sulfone  (Ciba-Geigy, 
EporaD-cured  tetraglycidyl  4.4'  diaminodiphenyl  methane  (Ciba  Geigy.  MY720)  epoxy  (TGDDM- 
DDS).  The  structures  of  the  unreacted  TGDDM  epoxide  and  DDS  amine  monomers  are  illustrated 
in  Fig.  1 . This  TGDDM-DDS  epoxy  system  is  the  primary  matrix  utilized  in  aerospace  high- 
performance  epoxy-fiber  composites. 

Experiments 

TGDDM-DDS  epoxy  specimens  suitably  shaped  for  tensile  mechanical  property,  fracture  topog- 
raphy, x-ray  emission  spectroscopy,  and  density  measurements  were  prepared  in  silicone  rubber 
molds  and  cured  for  1 h at  1 50°C  and  5 h at  1 77°C.  Thinner  epoxy  films  for  physical  structure 
studies  by  bright-field  transmission  electron  microscopy  and  electron  diffraction  studies  were 
prepared  between  salt  crystals.  TGDDM-DDS  epoxies  of  various  initial  compositions  (10-35  wt% 
DDS)  exposed  to  various  environments  were  investigated. 

A table-model  tensile  tester  (Instron  TM-S-1 130)  was  used  to  determine  the  mechanical  prop- 
erties. An  electron  microscope  (JEOL  model  JEM  100B)  was  used  in  the  scanning  mode  for 
fracture  topography  and  x-ray  emission  spectroscopy  studies  and  in  the  transmission  mode  for 
the  diffraction  and  bright-field  studies.  An  optical  microscope  (Zeiss  Ultraphot  II)  was  also  used 
for  fracture  topography  studies.  Density  measurements  were  performed  on  a Mettler  M-5  micro- 
balance. 


*Research  sponsored  by  the  Air  Force  Office  of  Scientific  Research/ AFSC,  United  Sta’es  Air 
Force,  under  Contract  No.  F44  6 20-  76-C-0075.  The  United  States  Government  is  authorized 
to  reproduce  and  distribute  reprints  for  governmental  purposes  notwithstanding  any  copyright 
notation  hereon. 
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Figure  1 The  TGDDM-DDS  epoxy  system. 


Results  and  Discussion 

Structure-Property  Studies 

Tlie  major  structural  parameters  controlling  the  modes  of  deformation  and  failure  and  the 
mechanical  response  of  epoxies  are  the  crosslinked  network  structure  and  the  microvoid  charac- 
teristics (3-1 1 1 . 

Generally,  the  cure  process  and  final  network  structure  of  epoxies  have  been  estimated  from 
the  chemistry  of  the  system,  if  the  curing  reactions  are  known  and  assumed  to  go  to  completion, 
and  experimental  techniques  such  as  infrared  spectra,  swelling,  dynamic  mechanical,  thermal 
conductivity,  and  differential  scanning  calorimetry  measurements  [12-261.  However,  in  many 
epoxy  systems,  the  chemical  reactions  are  diffusion  controlled  and  incomplete  and  there  is  a 
heterogeneous  distribution  in  the  crosslink  density. 

The  TGDDM-DDS  epoxy  system,  cured  at  1 77°C,  is  not  highly  crosslinked  despite  the  tetra- 
functionality  of  the  TGDDM  epoxide.  We  have  monitored  the  tensile  mechanical  properties  of 
the  TGDDM-DDS  epoxy  system  as  a function  of  composition  (10-35  wt%  DDS)  and  test  tempera- 
ture (23°-250°C).  Figure  2 is  a plot  of  tensile  strength,  ultimate  elongation,  and  Young’s  modulus 
from  23°-250°C  for  a TGDDM-DDS  (35  wt%  DDS)  epoxy.  The  gradual  decrease  in  tensile  strength 
and  modulus  and  the  increase  in  ultimate  elongation  from  200°-250°C  suggests  that  a broad  glass 
transition  exists  in  this  temperature  range.  Ultimate  extensions  of  > 1 5%  near  Tg  for  epoxies  with 
1 5-35  wt%  DDS  suggests  these  glasses  are  not  highly  crosslinked. 

A plot  of  Tg  versus  initial  DDS  concentration,  shown  in  Fig.  3,  confirms  that  these  epoxies  are 
not  highly  crosslinked.  [The  temperatures  representative  of  these  broad  Tg’s  were  taken  as  those 
temperatures  at  which  the  room-temperature  modulus  (Ert)  decreased  by  half  (i.e.,  Ert/2)]  . 
From  10-25  wt%  DDS,  the  Tg  rises  with  increasing  DDS  concentration  because  of  corresponding 
increases  in  molecular  weight  and/or  crosslink  density.  The  Tg  exhibits  a maximum  of  ~250°C 
at  ~30  wt%  DDS  and  subsequently  decreases  for  higher  DDS  concentrations.  For  epoxies  pre- 
pared from  > 25  wt%  DDS,  steric  and  diffusional  restrictions  evidently  inhibit  additional  epoxy- 
amine reactions.  Above  ~30  wt%  DDS  concentrations,  unreacted  DDS  molecules  plasticize  the 
epoxy  system  and  decrease  the  Tg.  However,  37  wt%  DDS  is  required  to  consume  half  the 
TGDDM  epoxide  groups  when  only  epoxide/primary-amine  reactions  occur.  Hence,  the  maximum 
in  Tg  at  30  wt%  DDS  suggests  that  less  than  half  the  TGDDM  epoxide  groups  have  reacted  when 
100%  of  the  DDS  is  consumed. 
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Figure  2 Tensile  strength,  uttimete  elongetion,  end  Young's  modulus 
versus  tempereture  for  TGDDM-DDS  (36  wt%  DDS)  epoxy 
(1 0 — '2/min  strein  rete). 
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Figure  3 Tg  versus  initial  wt%  of  DDS  in  TGDDM-DDS  epoxies. 


After  cure,  aggregates  of  unreacted  DDS  molecules  have  been  detected  in  TGDDM-DDS 
025  wt%  DDS)  epoxies  by  both  electron  diffraction  and  x-ray  emission  spectroscopy  studies. 
Electron  diffraction  patterns  were  obtained  from  thin  films  prepared  from  >25  wt % DDS  that 
were  similar  to  those  obtained  from  the  unreacted  DDS  crystals.  The  aggregates  of  unreacted 
DDS  molecules  crystallize  after  cooling  the  epoxy  from  its  cure  temperature.  In  addition,  x-ray 
emission  spectroscopy  studies  of  fracture  surfaces  have  detected  regions  of  high  sulft-r  content 
which  are  probably  clusters  of  unreacted  DDS  molecules. 

The  TGDDM-DDS  epoxy  networks  consist  of  regions  of  high-crosslink  density  as  indicated 
by  bright-field  transmission  electron  microscopy  in  the  2-1 5 nm  range  and  by  scanning  electron 
microscopy  in  the  1-5  gm  range. 
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Microvoids  cun  have  a deleterious  ellecl  on  I lie  mechanical  properties  of  epoxies  by  acting  L 

as  stress  eoneen  Ira  tors  and  also  on  the  durability  by  serving  as  a sink  lor  the  accumulation  of 
sorbed  moisture.  I o obtain  a 1 ( i|)|)M-l)|)S  epoxy  system  with  a high  I j,.  which  is  advantageous 

to  limit  the  deleterious  ellecls  oi sorbed  moisture  on  tins  epoxy,  requires  ~30  wt'/  l)l)S  in  the  I 

|U  initial  l(il)l)M-|)l)S  mixture  (see  l ig.  3).  However,  at  these  l)l)S  concentrations,  aggregates  of 

unreacted  l)l)S  molecules  can  be  trapped  in  the  epoxy  alter  the  system  forms  a glass  at  the  cure 
temperature.  I hermal-anneal/moisture-sorption/mechanical-properly  studies  indicate  that 
elimination  ol  these  aggregates  during  cure  results  a microvoids  in  the  glass. 

I lie  fracture  topographies  ol  KIDDM-DDS  epoxies  fractured  as  a function  of  temperature 
and  strain-rate  indicate  that  these  glasses  predominantly  deform  and  fail  by  a crazing  process. 

These  epoxies  also  deform  to  a limited  extent  by  shear  banding  as  indicated  by  regular  right-  1 

angle  steps  in  the  fracture  topography.  The  deformation  of  TGDDM-DDS  epoxies  will  depend 
on  the  si/e  and  concentration  of  any  regions  of  high-crosslink  density  and  the  material  intercon- 
necting such  regions. 

Effects  of  Sorbed  Moisture  on  Epoxies 

:i 

The  pertinent  basic  physical  phenomena  in  epoxies  induced  and/or  modified  by  sorbed  moisture 
are 

( 1 ) lowering  of  Tg  by  sorbed  moisture. 

I 

(2)  diffusion  of  sorbed  moisture, 

(3)  swelling  stresses  induced  by  sorbed  moisture,  and 

(4)  modification  of  the  deformation  and  failure  modes  and  the  mechanical  response  by  sorbed 
moisture. 

The  sorption  ol  moisture  by  epoxies  lowers  their  Tg’s  and  correspondingly  causes  them  to 
soften  at  lower  temperatures.  Kelley  and  Bueche  (27|  have  derived  an  expression  relating  the  Tg 
ol  a polymer-diluent  system  to  that  of  the  Tg’s  of  the  two  components.  This  expression  assumes 
that  the  free  volume  contributed  by  the  diluent  is  additive  to  that  of  the  polymer  and  that  the 
tree  volumes  ol  the  mixture  and  components  at  their  Tg’s  are  a universal  constant.  However,  the 
Ig’s  ol  TCiDDM-DDS  epoxy-moisture  systems,  containing  equilibrium  amounts  of  sorbed  moisture, 
are  considerably  lower  than  those  predicted  by  the  Kelley-Beuche  expression.  This  discrepancy 
could  be  caused  by  the  following  phenomena: 

( 1 ) the  strong  hydrogen-bonding  capability  of  water  could  produce  anomalous  effects  or 

(2)  if  the  epoxy  has  a heterogeneous-crosslink  density  distribution,  moisture  will  preferentially 
sorb  in  regions  of  low-crosslink  density.  The  regions  of  low-crosslink  density  control  the  flow 
processes  that  occur  at  To.  Hence,  the  depression  of  Tg  may  be  greater  than  that  expected  fora 
homogeneous  distribution  of  sorbed  water. 

The  durability  ol  epoxies  and  epoxy-coniposites  in  many  aerospace  service  environments  depends 
on  the  degree  of  deterioration  of  the  high-temperature  mechanical  properties  caused  by  the  plas- 
ticizing effect  of  sorbed  moisture.  The  previous  relative-humidity/time/temperature  exposure  of  the 
epoxy  component  and  the  diffusion  characteristics  of  moisture  in  this  component  determine  the 
moisture  profile  and  the  resultant  mechanical  response  of  the  material.  Hence,  the  diffusion  charac- 
teristics of  moisture  in  an  epoxy  component  are  critical  factors  for  predicting  mechanical  response 
and  durability  in  a given  service  environment.  Fickian  diffusion  has  been  utilized  successfully  as  the 
controlling  mechanism  to  predict  the  concentration  and  distribution  of  sorbed  moisture  (28-30)  and 
corresponding  deterioration  of  high-temperature  mechanical  properties.  Moisture  sorption  can,  how- 
ever, cause  formation  of  permanent  damage  regions  or  modification  of  the  epoxy  network  which 
will  result  in  deviations  from  Fickian  diffusion  and  accelerate  moisture  sorption.  These  structural 
modifications  can  be 

( 1 ) bond  cleavage  or  crack  formation  as  a result  of  swelling  stresses  and/or  relaxation  of  fabrica- 
tion stresses, 

(2)  formation  of  additional  crosslinks  by  moisture-enhanced  mobility  of  unreacted  groups,  and 
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(3) modification  of  I lie  free  volume  and/or  microvoid  characteristics. 

Sorbed  moisture  causes  epoxies  lo  swell  I 1 . 3 1 , 32 1 . The  swelling  stresses  caused  by  moisture 
gradients.  together  with  other  stresses  inherent  in  the  material,  such  as  fabrication  stresses,  can  be 
sufficiently  large  to  cause  localized  fracture  of  the  polymer  | 32  I . I lowever,  to  compute  the  mois- 
ture sorption  levels  for  specific  environmental  conditions  that  cause  network  modification  and 
subsequent  growth  of  permanent  damage  regions  in  epoxies  requires  a detailed  knowledge  ol  tile 
network  structure  and  the  stress  levels  in  the  presence  of  moisture  where  damage  occurs  in  the 
network.  This  type  of  information  is  not  yet  available. 

Sorbed  moisture  acts  as  a solvent  crazing  agent  in  TGDDM-UDS  epoxies.  The  microscopic 
yield  stress  (that  stress  at  the  onset  of  non-linear  behavior  in  the  tensile  stress-strain  curve)  is  shown 
in  big.  4 as  a function  of  test  temperature  for  both  initially  wet  and  dry  T(il)l)M-DI)S  (27  wf/ 
l)l)S)  epoxies.  The  microscopic  yield  stress  of  the  wet  epoxies  is  lower  than  that  of  the  dry  glasses 
from  room  temperature  to  I 5()°C.  Above  I 50°C,  the  yield  stresses  of  the  wet  and  dry  epoxies 
merge  because  water  is  eliminated  from  the  wet  specimens  during  the  test.  I rom  room  temperature 
to  1 50°C.  the  lower  yield  stresses  of  the  epoxies  containing  4 wt%  sorbed  moisture,  relative  to 
those  of  the  dry  epoxies,  are  equivalent  to  lowering  the  dry  yield  stresses  100°-1  25°C  on  the  tem- 
perature scale.  I lowever.  the  Tg  of  this  epoxy  is  lowered  only  ~ 60°C  by  ~4  wt "/'  sorbed  moisture. 
These  observations  imply  that  the  craze  cavitation  stress  is  more  susceptible  to  sorbed  moisture 
than  the  main  Ig.  I lenee  the  magnitude  lo  is  lowered  on  the  temperature  scale  by  sorbed  mois- 
ture cannot  be  utilized  to  predict  any  modification  of  the  formation  of  permanent  damage  regions 
in  these  epoxies.  1 lie  craze  eavitational  stress  is  more  sensitive  to  sorbed  moisture  than  the  Tg  for 
a heterogeneous  distribution  of  moisture  in  the  epoxy.  High  moisture  concentrations  in  localized 
regions  enhance  cavitation  by  plasticization  which  results  in  a lower  local  shear  yield  stress.  The 
overall  Ig  of  the  epoxy,  however,  is  generally  measured  on  a macroscopic  level  and  is  not  sensitive 
to  high  local  moisture  concentrations.  The  large  mirror-like  region  and  the  numerous  cavities  ob- 
served in  the  fracture  topography  initiation  region  of  wet  epoxies  also  indicate  that  the  craze 
initiation  and  growth  processes  are  enhanced  by  sorbed  moisture. 

The  ease  of  diffusion  of  moisture  through  a porous  craze  structure  and  its  accumulation  near 
the  craze  tip  where  it  enhances  cavitation  must  be  considered  a significant  mechanism  for  the 


Figure  4 Microscopic  yield  stress  (strain-rate  ~ 10~ ^/min)  of  both 
initially  wet  (~-4  wt%  sorbed  moisture)  and  dry  TGDDM-DDS 
(27  wt%  DDS)  epoxies  as  a function  of  temperature. 
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growth  of  permanent  damage  regions  in  these  glasses  in  humid  environments,  particularly  in  view 
of  the  low  stress  levels  at  which  cavitation  generally  occurs  in  polymer  glasses. 

f actors  that  Control  the  Durability  of  Epoxies 

In  the  service  environment,  the  durability  of  epoxies  depends  on  a complex  number  of  interacting 
phenomena.  Ihe  factors  that  control  the  critical  path  to  ultimate  failure  or  unacceptable  damage 
depend  specifically  on  the  particular  environmental  conditions.  In  the  presentation,  all  possible 
factors  that  generally  effect  the  durability  of  epoxies  in  service  environments  are  reviewed,  and 
some  of  the  critical  environments  that  affect  the  durability  of  epoxies  and  the  difficulties  in  pre- 
dicting the  long-term  durability  of  epoxies  are  discussed.  These  factors  include  the  network  struc- 
ture, microvoid  characteristics  and  fabrication  stresses,  and  environmental  factors  such  as  service 
stresses,  humidity,  temperature,  and  solar  radiation. 

Conclusion 

TCiDDM-DDS  epoxies  are  not  highly  erosslinked  because  of  steric  and  diffusional  restrictions; they 
deform  and  fail  predominantly  by  a crazing  process.  The  durability  of  TGDDM-DDS  epoxies 
depends  on  a complex  number  of  interacting  phenomena,  including  sorbed  moisture  which  acts 
as  a plasticizer  and  a swelling  and  solvent  crazing  agent. 
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The  structure,  modes  of  deformation 
and  failure,  and  mechanical  properties  of 
diaminodiphenyl  sulphone-cured 
tetraglycidyl  4,4  diaminodiphenyl 
methane  epoxy* 

ROGER  J.  M0RGANt,  JAMES  E.  O'NEAL,  DANIEL  B.  MILLERt 

McDonnell  Douglas  Research  Laboratories,  McDonnell  Douglas  Corporation,  St.  Louise, 
Missouri  63166,  USA 


The  tensile  mechanical  properties  of  diaminodiphenyl  sulphone  (DDS)  cured 
tetraglycidyl  4,4'diaminodiphenyl  methane  (TGDDM)  epoxies  [TGDDM -DDS  (12  to  35 
wt%  DDS)]  are  reported  as  a function  of  temperature  and  strain  rate.  TGDDM-DDS 
(20  to  35  wt%  DDS)  epoxies,  which  exhibit  broad  7gS  near  250°  C,  are  not  highly  cross 
linked  glasses  because  diffusional  and  steric  restrictions  limit  their  cross  link  density. 
TGDDM-DDS  (10  to  20wt%  DDS)  epoxies  are  more  brittle  with  lower  Tgs  as  a result  of 
lower  molecular  weights  and/or  lower  cross  link  densities.  Electron  diffraction  and  X-ray 
emission  spectroscopy  studies  indicate  that  TGDDM-DDS  (>25wt%  DDS)  epoxies 
contain  crystalline  regions  of  unreacted  DDS  which  can  be  eliminated  from  these  epoxies 
during  cure  resulting  in  microvoids.  TGDDM-DDS  (12  to  35  wt%  DDS)  epoxies 
predominantly  deform  and  fail  in  tension  by  crazing,  as  indicated  by  fracture  topography 
studies.  These  glasses  also  deform  by  shear  banding  as  indicated  by  right-angle  steps  in  the 
fracture  topography  initiation  region  and  mixed  modes  of  deformation  that  involve  both 
crazing  and  shear  banding.  No  evidence  was  found  for  heterogeneous  cross  link  density 
distributions  in  TGDDM-DDS  (15  to  35wt%  DDS)  epoxies  on  straining  films  in  the 
electron  microscope. 


1.  Introduction 

Lpoxies.  when  utilized  as  composite  matrices  and 
adhesives  in  aerospace  structural  components,  arc 
often  exposed  to  extreme  environments.  The 
durability  of  epoxies  in  such  environments  is  diffi- 
cult to  predict  without  a knowledge  of  the  struc- 
ture. modes  of  deformation  and  failure,  and 
mechanical  response  relations  of  these  materials 
and  how  such  relations  arc  modified  by  fabrication 


procedures  and  the  service  environment.  The 
structure  property  relationships  of  epoxy  glasses, 
however,  have  received  little  attention  compared 
with  other  commonly  utilized  polymer  glasses. 

The  network  structure  and  microvoid  character- 
istics of  epoxies  arc  the  primary  structural  com- 
ponents that  control  the  modes  of  deformation 
and  failure  and  mechanical  response  [I  4| . 

The  network  structure  of  epoxies  varies  with 
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chemical  composition  ami  cure  conditions. 
Generally.  the  cure  reactions  and  final  network 
structure  of  epoxies  have  been  estimated  from  (a) 
the  chemistry  of  the  system,  if  the  cure  reactions 
were  known  and  assumed  to  go  to  completion,  and 
(h)  experimental  teclmic|ues  such  as  infra-red  spec- 
troscopy. swelling,  dynamic  mechanical,  thermal 
conductivity,  differential  scanning  calorimetry, 
viscosity,  and  dielectrometry  measurements 
1 5 22 1 However,  in  certain  epoxy  systems,  the 
chemical  reactions  may  be  diffusion-controlled 
and  never  go  to  completion,  and  a heterogeneous 
distribution  in  the  cross-link  density  may  also 
occur.  For  certain  cure  conditions,  high  cross-link 
density  regions  from  b to  104  nnt  in  diameter  have 
been  observed  in  cross-linked  resins  |1  4.  7, 
22  44 1 . The  conditions  for  formation  of  a hetero- 
geneous rather  than  a homogeneous  system  depend 
on  polymerization  conditions  (i.e.,  temperature, 
solvent  and/or  chemical  composition). The  ordered 
regions  have  been  described  as  agglomerates  of 
colloidal  particles  (28.  29)  or  floecules  (31 1 in  a 
lower  molecular  weight  interstitial  fluid.  Solomon 
<7  at.  |30|  suggested  that  a two-phase  system  is 
produced  by  microgelation  prior  to  the  formation 
of  a macrogel.  These  microgel  regions  may  originate 
in  the  initial  stages  of  polymerization  from  the 
formation  of  micro-regions  ofaggregates  of  primary 
polymer  chains  (40.  45 1 . Kenyon  and  Nielsen  [7| 
suggested  that  the  highly  cross-linked  microgcl 
regions  are  loosely  connected  during  the  latter 
stages  of  the  cure  process.  Heterogeneities  also  can 
result  from  either  configurational  restrictions  lead- 
ing to  excessive  intramolecular  cross-linking  [46 J 
or  from  the  chemical  composition  of  the  epoxy 
network  formed  at  a given  time  being  different 
from  that  of  the  chemical  composition  of  the 
monomer  mixture  [47 1 .The  high  cross-link  density 
regions  have  been  reported  to  be  only  weakly 
attached  to  the  surrounding  matrix  1 28,  29,  31) , 
and  their  size  varies  with  cure  conditions  (28) , 
proximity  of  surfaces  (31,  41).  and  the  presence 
of  solvents  (7,  30) 

Recently,  we  have  studied  the  network  structure 
of  diethylene  Iriaininc  (DETA)-curcd  bisphcnol-A- 
diglycidyl  ether  (DGEBA)  epoxies  by  straining 
films  directly  in  the  electron  microscope  (3) . These 
epoxies  were  found  to  consist  of  6 to  9nni  dia- 
meter particles  which  remain  intact  when  flow 
occurs.  Wc  suggest  that  these  particles  are  intra- 
molccularly  cross-linked,  molecular  domains.  The 
6 to  9nm  diameter  particles  interconnect  to  form 
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larger  20  to  35  nm  diameter  aggregates  which  are 
observed  in  patches  on  surfaces  and  m thin  films 
of  DGEBA  DETA  epoxies.  Two  types  of  network 
structures  were  observed  in  these  studies,  (a) 
regions  of  high  cross-link  density  embedded  in  a 
low-  or  non-cross-linked  matrix  and  (b)  low-  or 
non-cross-linked  density  regions  embedded  in  a 
high  cross  link  density  matrix. 

Microvoids  in  epoxies  act  as  stress  concentrators 
and  sinks  for  sorbed  moisture  and  will,  therefore, 
deteriorate  the  mechanical  response.  These  micro- 
voids can  be  formed  during  cure  as  a result  of 
evolution  of  trapped,  low  molecular  weight 
material.  The  low  molecular  weight  material  may 
be  air,  moisture,  or  clusters  of  unreacted  epoxy 
constituents.  The  latter  may  result  from  inhomo- 
geneous mixing  and/or  microscopic  phase  separ- 
ation of  the  constituents  prior  to  or  during  cure. 
For  example,  the  ability  of  DGEBA  epoxide 
monomer  to  crystallize  as  a separate  phase  in 
polyamide-cured  DGEBA  epoxies  has  been  shown 
to  subsequently  cause  microvoids  in  these  epoxies 
for  certain  cure  conditions  (1,2,4). 

The  relation  between  the  network  structure, 
microvoid  characteristics  and  failure  processes  of 
epoxies  has  received  little  attention.  Localized 
plastic  flow  has  been  reported  to  occur  during  the 
deformation  and  failure  of  epoxies  (1-4,  34,  36, 
48  54) , and  in  a number  of  cases,  the  fracture 
energies  have  been  reported  to  be  a factor  of  two 
to  three  times  greater  than  the  expected  theoretical 
estimate  for  purely  brittle  fracture  (36,  48,  49, 
53-64). 

Recent  studies  revealed  that  the  mode  of 
deformation  and  failure  in  DGEBA-DETA  epoxy 
films  either  strained  directly  in  the  electron  micro- 
scope or  strained  on  a metal  substrate  is  a crazing 
process  [3 1 . The  fracture  topographies  of  bulk 
DGEBA-DETA  epoxy  glasses  fractured  as  a 
function  of  temperature  and  strain  rate  were  also 
interpreted  in  terms  of  a crazing  process.  The  flow 
processes  that  occurred  within  craze  fibrils  during 
deformation  of  DGEBA-DETA  epoxy  films 
strained  in  the  electron  microscope  depended  on 
the  network  structure.  Deformation  of  the  network 
consisting  of  high  cross-link  density  particles 
embedded  in  a deformable,  low  cross-link  density 
matrix  occurred  by  preferential  deformation  of 
the  low  cross-link  density  regions  without  causing 
cleavage  of  the  high  cross-link  density  regions. 
However,  deformation  of  the  network  consisting 
of  low  cross-link  density  regions  embedded  in  a 
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high  crosslink  density  matrix  involved  network 
cleavage  and  llow  in  the  high  cross-link  density 
regions  simultaneously  as  llow  with  little  network 
cleavage  occurred  in  the  neighbouring  low  cross- 
link density  regions. 

In  this  stiiily.  our  objective  was  to  characterize 
further  the  strueturc/dcl'ormation/mcchanical 
property  relations  of  epoxies.  The  amine-cured 
tetrafunctionul  epoxide  studied  was  tctraglycidyl 
4.4’diaminodiphenyl  methane  epoxide  (TCDDM) 
cured  with  diaminodiphcnyl  sulphonc  (DDS).  This 
epoxy  system  is  currently  one  of  the  most 
commonly  utilized  in  the  aerospace  industry.  A 
series  ol  epoxies  was  cured  from  different 
TGDDM  DDS  compositions,  and  the  tensile 
mechanical  properties  were  monitored  as  a function 
of  test  temperature  and  strain  rate.  The  structure 
and  microvoid  characteristics  were  monitored  by 
(a)  X-ray  emission  spectroscopy  measurements,  (b) 
electron  diffraction  measurements,  and  (c)  weight- 
loss/moisture -sorption  studies  as  a function  of 
anneal  temperature.  Fracture  topography  studies 
were  utilized  to  monitor  the  modes  of  deformation 
and  failure  of  these  glasses.  In  addition,  epoxy 
films  were  strained  directly  in  the  electron  micro- 
scope to  further  elucidate  the  structure  of  these 
epoxies. 

2.  Experimental 

2.1.  Materials  and  sample  preparation 

The  epoxy  system  studied  was  a diaminodiphenyl 
sulphonc  (Ciba  Geigy.  Eporal)-cured  tetraglycidyl 
4.4'diaminodipheny!  methane  (Ciba  Geigy. 
MY720)  epoxy  (TGDDM-DDS).  The  structure  of 
the  unreacted  TGDDM  epoxide  and  DDS  mono- 
mers are  illustrated  in  Fig.  1.  The  TGDDM  epoxide 
monomer  is  a liquid  at  room  temperature,  whereas 


CH,—  CH-CH,  CH,-CH— CH, 

;n— ®-ch2h®_< 

CH,— CH-CH,  CH,-CH  — CH, 

O O 

tetraglycidyl  4,  4'  diaminodiphenyl  methane  epoxy 
TGDDM 

0 

HjN — ^ — S — ^ — NHj 
O 

4.  4'  diaminodiphenyl  sulfone 
DDS 

Figure  1 The  TGDDM  -DDS  epoxy  system. 


the  DDS  is  a crystalline  powder  with  a melting 
point  of  162°  C. 

For  sample  preparation,  the  fabrication  techni- 
ques developed  by  Fanter  |65|  were  utilized.  A 
master  batch  of  TGDDM  was  heated  to  75°  C,  and 
the  DDS  was  added  slowly  while  the  mixture  was 
stirred.  This  mixture  was  then  held  at  75°  C for 
3h.  periodically  stirred,  and  poured  into  vials  and 
stored  at  20°  C.  TGDDM-DDS  mixtures  were 
prepared  in  the  10  to  35  wt  7<  DDS  range.  (For 
TGDDM  DDS  mixtures  containing  >30wt7 
DDS.  the  solid  DDS  did  not  all  dissolve  using  this 
procedure;  it  did  dissolve  at  the  higher  tempera- 
tures utilized  during  cure.) 

Table  I illustrates  the  percentage  by  weight  of 
DDS  required  for  ( 1 ) all  primary  and  secondary 
amines  in  the  DDS  to  react  and  (2)  only  primary 
amines  in  the  DDS  to  react  with  50  or  1007i  of  the 
epoxide  groups  in  the  tetrafunctional  TGDDM 
molecules. 

In  order  to  prepare  dumb-bell-shaped  specimens 
suitable  for  tensile  mechanical  property  studies, 
the  TGDDM  -DDS  mixture  was  heated  to  165°  C. 
After  20  min  at  165°  C.  the  mixture  was  degassed 
in  a vacuum  chamber,  reheated  to  165°C,  and 
then  poured  into  dumb-bell-shaped  silicone  rubber 
moulds.  The  specimens  were  cured  at  150°C  for 
1 h.  followed  by  5h  at  177°C.  cooled  to  room 
temperature,  and  removed  from  the  moulds.  The 
specimens  had  a gauge  length  of  3.0cm.  a width  of 
0.4  cm  within  the  gauge  length,  and  a thickness  of 
0.6  mm. 

F.poxy  films,  ~ 1 gm  thick,  suitable  for  straining 
directly  in  the  electron  microscope,  were  prepared 
between  salt  crystals.  The  cure  conditions  were 
similar  to  those  utilized  in  preparing  the  dumb-bell- 
shaped  specimens.  After  cure,  the  crystals  were 
dissolved  in  water,  and  the  film  was  washed  with 
distilled  water.  Specimens.  2 mm  square,  were  cut 
from  the  epoxy  film.  Thinner,  lOOnm  thick  films 
were  prepared  by  a similar  procedure  for  electron 
diffraction  and  bright-field  transmission  studies. 

Dumb-bell-shaped  specimens  were  also  used  for 
weight  loss/moisture  sorption  studies. 

2.2.  Experimental  procedure 
A table  model  tensile  tester  (Instron  TM-S-1130) 
was  used  to  determine  the  tensile  mechanical  pro- 
perties of  the  TGDDM  -DDS  epoxies  in  the  10~2 
to  101  min':  strain  rate  region  from  23  to  265°  C. 

A scanning  reflection  electron  microscope 
(JEOL  model  JEM-1 00B)  and  optical  microscope 
(Zeiss  Ultraphot  II)  were  used  for  fracture  topo- 
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1 OO'/r  TGDDM  epoxide  groups  react 

50%  TGDDM  epoxide  groups  react 

100*7  DDS  primary  and 
secondary  amines  react 

37  wt'/  DDS 

23  wt  % DDS 

1 00'  DDS  primary 

54  wt'/  DDS 

37  wt  % DDS 

amines  react 

grapliy  studies.  For  the  eieetron  microscope 
studies,  the  fracture  surfaces  were  coated  with 
gold  while  the  sample  was  rotated  in  vacuum. 

For  the  X-ray  emission  spectroscopy  (XES) 
studies,  uncoated  fracture  surfaces  were  exposed 
to  the  electron  beam,  and  the  surface  was  scanned 
for  X-rays  characteristic  of  sulphur.  The  sulphur 
distribution  (as  indicated  by  the  relative  con- 
centration of  white  dots)  is  superimposed  on  a 
secondary  electron  micrograph  of  the  fractured 
surface.  A lithium-drifted  silicon  X-ray  detector 
(kevex)  was  utilized  in  conjunction  with  a data 
analysis  system  (Tracor  Northern). 

Bright-field  transmission  electron  microscopy 
(TFM)  was  used  to  monitor  the  morphology  of 
" I pm  thick  films  that  were  strained  directly  in 
the  electron  microscope.  The  2 min  square,  epoxy 
specimens  were  fastened  to  standard  cartridge 
specimen  holders  with  cement  ( Duco,  F.l.  DuPont). 
The  specimen  holder  was  attached  to  an  HM-SFFI 
specimen  elongation  holder  which  was  introduced 
into  the  microscope  via  the  side-entry  goniometer. 
The  specimens  were  deformed  in  the  microscope 
at  a strain  rate  of  ~ ICT2  min'*.  Selected  area 
electron  diffraction  studies  were  also  performed 
on  thinner.  — lOOnm  thick  films  using  the  micro- 
scope in  the  electron  diffraction  mode. 

Weight  loss/moisture  sorption  measurements 
were  performed  by  annealing  specimens  in  a tube 
furnace  in  a He  atmosphere  for  24  h.  The  specimens 
were  weighed  before  and  after  annealing  and  again 
after  a 3 h exposure  to  steam  in  a 1 20°  C autoclave. 

3.  Results  and  discussion 
3.1.  Mechanical  properties 

The  tensile  mechanical  properties  of  the  TGDDM- 
DbS  epoxies  were  determined  as  a function  of 
composition  (12  to  35  wt  % DDS)  and  temperature 
( 23  to  265°  C)  at  a strain  rate  of  ~ 10'2  min'1 . In 
Figs.  2.  3.  and  4 the  tensile  strengths,  ultimate 
elongations,  and  Young's  moduli  are  plotted  as  a 
function  of  temperature  for  TGDDM  DDS  (12  to 
35  wt'/  DDS)  epoxies.  The  decreases  in  tensile 
strengths  and  moduli  and  increase  in  ultimate 
elongations  with  increasing  temperature  front  200 
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to  250°  C for  TGDDM-DDS  (23  to  35  wt%  DDS) 
epoxies  indicate  that  these  glasses  exhibit  broad 
glass  transitions  near  250°  C.  The  10  to  17% 
ultimate  elongations  exhibited  by  the  TGDDM- 
DDS  (23  to  35wt%  DDS)  epoxies  from  200  to 
250°  C suggests  that  these  glasses  are  not  highly 
cross-linked  despite  the  tetrafunctionality  of  the 
TGDDM  epoxide.  TGDDM -DDS  (10  to  20wt% 
DDS)  epoxies  exhibit  lower  Tt s and  corresponding 
softer  mechanical  properties  at  lower  temperatures 
than  those  epoxies  prepared  from  higher  DDS  con- 
centrations. The  TGDDM -DDS  (12wt%  DDS) 
epoxy  exhibits  < 10%  ultimate  elongation  near  its 
T%.  thus  indicating  that  a more  brittle,  lower 
molecular  weight  epoxy  is  formed  with  ~ 10wt% 
DDS  than  is  formed  at  higher  DDS  concentrations. 

A plot  of  Tt  as  a function  of  initial  DDS  con- 
centration. shown  in  Fig.  5,  confirms  that 
TGDDM-DDS  epoxies  are  not  highly  cross-linked. 
[The  temperatures  representative  of  the  broad  rgs 
were  taken  as  those  temperatures  at  which  the 
room  temperature  modulus  (7,RT)  decreased  by 
half  (i.e.,  /f r t / 2 ) . J From  10  to  25  wt%  DDS,  the 


Figure  2 Tensile  strength  (±2  MPa)  (strain  rate  ~ 1 0 ; 
min  ')  versus  temperature  for  TGDDM-DDS  (12  to 
35  wt%  DDS)  epoxies. 
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Figure  J Ultimate  elongation  < ± 0.2%)(strain  rate  ~10"! 
ntin  1 ) versus  temperature  for  TGDDM-DDS  (12  to 
35  wt  '/<  DD5?)  epoxies. 


Figure  4 Young’s  modulus  (±1  MPa)(strain  rate  ~10'! 
min  ' ) versus  temperature  for  TGDDM  DDS  (12  to 
35  wt  % DDS)  epoxies. 
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Weight  % DDS 


Figure  .5  Tg  versus  initial  wt'X  of  DDS  in  FGDDM  DDS 
epoxies. 

Tg  rises  with  increasing  DDS  concentration  because 
of  corresponding  increases  in  molecular  weight 
and/or  cross-link  density.  The  Tt  exhibits  a maxi- 
mum of  ~250°C  at  ~30wt7r  DDS  and  sub- 
sequently decreases  for  higher  DDS  concentrations. 
For  epoxies  prepared  from  ?25wt%  DDS,  steric 
and  diffusional  restrictions  evidently  inhibit 
additional  epoxy-amine  reactions.  Examinations 
of  molecular  models  of  the  tetrafunctional 
TGDDM  molecule  indicate  that  the  epoxide  groups 
are  sterically  restricted  which  inhibits  their  ability 
to  react  with  the  primary  amine  hydrogens  of  the 
DDS.  In  addition,  after  gelation  at  the  cure 
temperature,  unreacted  groups  have  difficulty 
approaching  one  another  spatially  because  of 
mobility  restrictions  produced  by  the  glassy  state 
and  the  network  cross-links.  Above  ~ 30  wt  % DDS 
concentrations,  unreacted  DDS  molecules  plasticize 
the  epoxy  system  and  decrease  the  Tg  (evidence 
for  the  presence  of  unreacted  DDS  molecules  in 
these  epoxies  is  presented  in  Sections  3.2  and  3.3). 
However,  37  wt  % DDS  is  required  to  consume  half 
the  TGDDM  epoxide  groups  when  only  epoxide  - 
primary  amine  reactions  occur  (Table  1).  Hence, 
the  maximum  in  Tg  at  ~ 30  wt%  DDS  suggests  that 
less  than  half  the  TGDDM  epoxide  groups  have 
reacted  when  only  epoxide-primary  amine  reac- 
tions occur  and  steric  and  diffusional  restrictions 
inhibit  further  reactions.  It  seems  doubtful  that 
networks  in  which  only  half  of  the  epoxide  groups 
have  reacted  would  exhibit  the  respectable 
mechanical  properties  shown  by  the  TGDDM 
DDS (20  to  35  wt%  DDS) epoxies.  Evidently,  other 
cure  reactions,  in  addition  to  the  epoxide-primary 
amine  reactions,  are  occurring  and  possibly  involve 
(1)  epoxide  homopolymerization,  (2)  epoxide 
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secondary  amine  reactions  and  (3)  internal  cycli- 
/atiou  within  the  TGDDM  epoxide  as  a resalt  of 
hydoxyl  and/or  secondary  amines  reacting  with 
adjacent  unreaclcd  epoxides. 

In  the  ( 7'„  50)  to  Tt  temperature  range. 

TGDDM  DDS  (17  to  35wt%  DDS)  expoxies 
exhibit  definite  yield  stresses  where  the  stress 
remains  constant  with  increasing  strain.  The  strain 
rate  dependence  of  the  yield  stress  in  this  tempera- 
ture range  was  investigated  for  TGDDM  DDS 
( 27  wt  '1  DDS)  epoxy  to  determine  if  the  data  for 
this  cross-linked  glass  fit  Fy  ring’s  theory  of  stress- 
activated  viscous  (low  for  polymers  |66| . This 
theory  predicts  [67 1 that  the  yield  stress  (oy)  is  a 
linear  function  of  the  logarithm  of  the  strain  rate 
(e)  at  constant  temperature  7,  i.e.. 


doy  _ 2kT 
d In  e v 


(I) 


where  k is  Boltzmann’s  constant  and  v is  the 
activation  volume  which  is  associated  with  that 
volume  displaced  when  a chain  segment  jumps 
when  acted  upon  by  an  applied  stress.  The  data  for 
TGDDM --DDS  (llwi'/r  DDS)  epoxy  fit  the 
Hvring  model  as  illustrated  by  the  linear  plots  of 
oy  versus  log  e at  225.  250  and  265°  C in  Fig.  6. 
The  values  of  the  activation  volume  at  each 
temperature  are  shown  in  Table  II  and  are  within 
the  range  of  values  (i.e..  V=  3 to  1 5 nm3 ) reported 
for  non-cross-linked  polymers  [68—74 ] and  one 
cross-linked  epoxy  resin  system  [ 75 1 . These 
observations  suggest  that  either  regions  of  low 
cross-link  density  control  the  flow  processes  of 
this  epoxy  near  7^  and/or  the  rupturing  of  cross- 
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Figure  6 Log  (strain  rate)  versus  yield  stress  for  TGDDM - 
DDS  (27  wt%  DDS)  epoxy  as  a function  of  temperature. 
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TABU  It 


Temperature  (°  (’) 

Activation  volume,  v(nm) ' 

225 

8.0 

250 

7.9 

265 

11.7 

links  does  not  significantly  affect  the  activation 
volume  in  this  temperature  range. 

The  larger  value  of  the  activation  volume  at 
265°  C compared  with  values  at  the  lower  tempera- 
tures may  be  a result  of  additional  cross-links  which 
form  during  testing.  At  265°  C,  the  epoxy  rapidly 
discolours  because  of  the  formation  of  free  radicals 
[4]  associated  with  complex  oxidative  cross-linking 
reactions.  (The  enhanced  mobility  of  the  epoxy  at 
265°  C allows  such  reactions  to  occur  rapidly.) 
Hence,  this  larger  value  of  the  activation  volume 
suggests  that  an  increase  in  cross  link  density  will 
significantly  increase  the  activation  volume.  How- 
ever. such  an  interpretation  must  be  treated  with 
caution  because  the  physical  meaning  of  v on  a 
molecular  level  is  still  unclear  (67] . 

3.2.  Electron  diffraction 

The  data  presented  in  Section  3.1  suggest  that 
unreacted  DDS  molecules  may  be  present  in 
TGDDM  -DDS  (>  25  wt%  DDS)  epoxies.  Previous 
studies  on  polyamide-cured  bisphenol-A-diglycidyl 
ether  epoxies  have  shown  that  unreacted  epoxide 
monomer  can  recrystallize  in  the  partially  cured 
resin  (4) . Hence,  electron  diffraction  studies  were 
performed  on  TGDDM-DDS  (>25wt%  DDS) 
epoxy  films  to  determine  if  any  liquid  clusters  of 
unreacted  DDS  molecules  recrystallized  within 
these  glasses. 

Several  electron  diffraction  patterns  of  DDS 
powder  on  a carbon  film  were  produced.  A typical 
selected  area  diffraction  (SAD)  pattern  illustrating 
a polycrystalline  pattern  of  DDS  is  shown  in  Fig.  7a. 
For  a hexagonal  form,  the  unit  cell  dimensions  of 
DDS  were  determined  to  be  a = 0.526  nm  and 
c-  1.236nm.  From  these  unit  cell  dimensions,  a 
complete  list  of  interplanar  spacings  was  calculated 
to  obtain  a standard  pattern  for  DDS. 

TGDDM-DDS  (>25wt%  DDS)  epoxy  films 
exhibited  electron  diffraction  patterns  from 
isolated  regions.  Such  regions,  which  were  <!  1 gm 
in  size,  appeared  as  dark  but  indistinct  regions  in 
bright  field  transmission  electron  micrographs.  The 
SAD  pattern  originating  from  such  a region  is  illus- 
trated in  Fig.  7b.  The  interplanar  spacing  deter- 
mined from  this  pattern  agreed  with  those  of  the 
calculated  standard  DDS  pattern,  indicating  that 
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Figure  7 Selected  area  electron  diffraction  pattern  of  (a) 
DDS  powder  (polycrystalline)  and  (b)  unreactcd  DDS 
crystalline  region  in  TGDDM  DDS  (35  wt  % DDS)  epoxy. 


DDS  crystalline  regions  are  present  in  the  TGDDM 
DDS  (>  25  wt  % DDS)  epoxy  films. 

3.3.  X-ray  emission  spectroscopy 

X-ray  emission  spectroscopy  (XF.S)  studies  were 
conducted  on  TGDDM-DDS  (>25wt5fDDS) 
epoxies  to  detect  regions  of  high  sulphur  content. 
The  detection  of  such  regions  would  imply  the 
presence  of  unreacted  DDS  clusters  because 
sulphur  atoms  are  present  only  in  the  DDS  mole- 
cule (see  Fig.  1 ). 

In  this  technique  a fracture  surface  is  bombarded 
with  an  electron  beam,  and  the  surface  is  scanned 
for  X-rays  characteristic  of  sulphur.  The  validity  of 
XES  to  detect  concentrations  of  DDS  was  estab- 
lished by  monitoring  DDS  crystalline  powder  which 
was  sprinkled  onto  a carbon  background.  A scan- 
ning electron  micrograph  of  such  DDS  particles  is 
shown  in  Fig.  8a.  The  sulphur  distribution  (as 
indicated  by  the  relative  concentration  of  white 
dots)  is  superimposed  on  this  micrograph  in  Fig.  8b, 


Figure  8 (a)  Scanning  electron  micrograph  of  DDS 
crystalline  powder  and  (b)  X-ray  emission  scanning 
spectroscopy  map  of  sulphur  distribution  in  the  same 
micrograph. 

thus  illustrating  that  particles  of  DDS  >10pm  in 
size  can  be  detected  by  this  technique.  Similar 
regions  were  observed  in  isolated  areas  ol  the 
fracture  surfaces  of  TGDDM  DDS  (>25wt 
DDS)  epoxies.  In  Fig.  9 an  XES  map  of  the  sulphur 
distribution  in  the  fracture  surface  of  TGDDM 
DDS  (27wt%  DDS)  epoxy  is  illustrated.  The  large 
concentration  of  sulphur  in  the  fracture-initiation 
region  probably  results  from  a cluster  of  unreacted 
DDS  molecules  which  acted  as  a site  for  cra/e/crack 
initiation.  Regions  <10pm  in  size  were  not 
detected  by  this  technique. 

XES  was  also  evaluated  as  a technique  to  moni- 
tor chemically  different  regions  of  polymers,  such 
as  cross  link  density  distribution,  in  the  10  nm  size 
range.  From  extensive  studies  on  TGDDM  DDS 
epoxies  and  polycarbonate  -siloxane  block 
copolymers,  we  have  concluded  that  this  technique 
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Figure  9 X-ray  emission  scanning  spectroscopy  map  of 
sulphur  distribution  in  the  fracture  surface  of  TGDDM 
DDS  (27  w 1%  DDS)  epoxy. 


is  sensitive  only  to  distinct,  > 10/um  sized,  chemi- 
cally different  regions  in  polymers. 

3.4.  Weight  loss/moisture  sorption 
measurements 

We  have  shown  by  optical  microscopy  that  un- 
reacted islands  of  epoxide  monomer  present  in 
amide-cured  bisphenol-A-diglycidyl  ether  epoxies 
can  produce  microvoids  by  diffusing  out  of  these 
epoxies  when  they  are  annealed  below  Tg  [4] . 
Microvoids  are  undesirable  in  epoxies  because  they 
act  as  stress  concentrators,  and  also  serve  as  a sink 
for  sorbed  moisture  which  deteriorates  the  mech- 
anical integrity  [76] . The  weight  lost  and  the  sub- 
sequent moisture  sorbed  by  TGDDM  - DDS  (27 
wt%  DDS)  epoxy,  as  a function  of  a 24  h anneal 
from  150  to  250°  C,  were  measured  to  determine 
if  any  clusters  of  unreacted  DDS  were  eliminated 
from  this  epoxy,  thus  producing  microvoids.  The 
production  of  microvoids  is  expected  to  cause  an 
increase  in  the  amount  of  moisture  sorbed  by  the 
epoxy.  (Optical  microscopy  was  not  used  in  these 
studies  because  the  size  of  the  DDS  clusters  was 
generally  < 1 /am  and,  hence,  any  microvoids 
formed  from  such  clusters  would  be  too  small  to 
be  detected  by  this  technique.) 

Fig.  10  shows  the  progressive  weight  loss  with 
increasing  anneal  temperatures  from  1 50  to  250°  C 
for  the  TGDDM -DDS  (27  wt%  DDS)epoxy  which 
was  originally  cured  at  1 77°  C for  5 h.  The  amount 
of  moisture  subsequently  sorbed  by  the  epoxy  at 
I 20°  C in  an  autoclave  for  3h  after  annealing  at 
150  to  250°  C is  plotted  versus  anneal  temperature. 
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Figure  10  Plots  of  weight  loss  and  subsequent  moisture 
sorption  versus  anneal  temperature  for  TGDDM -DDS 
(27  wt  % DDS)  epoxy. 

The  increase  in  sorbed  moisture  with  increasing 
anneal  temperature  from  150  to  200°  C is  associ- 
ated with  microvoids  produced  by  the  elimination 
of  unreacted  DDS  clusters.  The  sorbed  moisture 
exhibits  a maximum  at  200  to  225°  C and  decreases 
as  the  anneal  temperature  approaches  Tg  at 
~ 245°  C.  We  associate  this  maximum  and  the  sub- 
sequent decrease  in  moisture  sorption  with  the 
enhanced  mobility  of  the  epoxy  at  these  higher 
temperatures,  causing  a partial  collapsing  of  the 
microvoids  and  a possible  increase  in  the  cross- 
link density.  Both  of  these  phenomena  will  decrease 
the  moisture  sorption  capabilities  of  the  epoxy. 

Hence,  it  is  possible  that  once  TGDDM-DDS 
(>  25  wt  % DDS)  epoxies  form  glasses  at  their  cure 
temperatures,  subsequent  curing  can  cause  elimin- 
ation of  unreacted  clusters  of  DDS  resulting  in 
microvoids. 

3.5.  Fracture  topography  studies 
The  fracture  topographies  ofTGDDM-DDS(12  to 
35  wt%  DDS)  epoxies  were  studied  by  optical  and 
scanning  electron  microscopy  as  a function  of 
temperature  and  strain  rate.  Three  characteristic 
topographic  regions  were  observed  in  these  epoxies: 
(I)  a coarse  initiation  cavity,  (2)  a slow  crack 
growth,  smooth,  mirror-like  region,  and  (3)  a fast 
crack  growth,  rough  region.  The  fracture  topo- 
graphy features  were  generally  similar  to  those 
observed  in  our  studies  of  amine-  and  amide-cured 
disphenol-A-diglycidyl  ether  epoxies  [3,  4]  and 
can  be  interpreted  in  terms  of  a crazing  deformation 
and  failure  process.  However,  the  TGDDM  DDS 
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Figure  II  Scanning  electron  micrographs  of  (a)  overall 
fracture  topography  initiation  cavity,  (b)  coarse  fractured 
fibrils  and  (c)  fine  fractured  fibrils  in  TGTDM-DDS 
(27  wt%  DDS)  epoxy,  fractured  at  room  temperature  at  a 
strain  rate  of  10  1 min'1 . 


Figure  12  Scanning  electron  micrographs  of  fibrils  swept 
onto  the  fracture  surface  in  TGDDM  DDS(23wt%  DDS) 
epoxy,  fractured  at  200°  C at  a strain  rate  of  10"2  min"' . 


fracture  topography  initiation  regions  also  exhibit 
unique  features  as  a result  of  shear-band  defor- 
mation which  occurs  in  ~ 20%  of  room  temperature 
fractured  specimens.  These  unique  topographical 
features  will  be  considered  later  in  this  section. 

A typical  fracture  topography  initiation  region 
characteristic  of  a TGDDM  DDS  epoxy  that 
deformed  and  failed  by  a crazing  process  is  illus- 
trated in  Fig.  II.  The  overall  fracture  topography 
initiation  cavity  is  illustrated  in  Fig.  I la;  I to  Sum 
diameter,  poorly  developed,  fractured  fibrils  are 
shown  in  Fig.  lib.  and  well-developed,  100  to 
200 nm  diameter,  finer  fractured  fibrils  are  illus- 
trated in  Fig.  lie.  This  coarse  initiation  region 


results  from  void  growth  and  coalescence  through 
the  centre  of  a simultaneously  growing,  poorly 
developed  craze,  which  generally  consists  of  coarse 
fibrils  [3,  4.  77-81).  The  diameters  of  the  frac- 
tured fibrils  depend  on  the  relative  rates  of  craze 
and  void  growth.  These  relative  rates  vary  for 
different  stages  of  craze -crack  growth  and  depend 
on  complex  local  stress  fields  which  change  from 
specimen  to  specimen  because  of  different 
flaw  characteristics.  Above  100°C.  the  fracture 
topography  initiation  regions  are  smoother  than  at 
lower  temperatures  because  the  enhanced  mobility 
of  the  glass  allows  relaxation  of  the  topographical 
features.  Elongated  fibrils  that  have  been  swept 
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Figure  13  Optical  micrographs  of  overall  fracture  topographies  of  TGDDM  DDS  (27  wt  % DDS)  epoxies  as  a function 
of  temperature  and  strain  rate. 


onto  the  fracture  surface  as  the  crack  passes 
through  the  craze  were  also  observed  in  the  fracture 
topography  initiation  region  and  immediate 
surroundings  for  specimens  fractured  at  > 100°  C. 
as  illustrated  in  Fig.  12.  Similar  topographies  of 
fractured  fibrils  that  lie  parallel  to  the  surface  have 
been  reported  by  Doyle  |82,  83]  and  Hoare  and 
Hull  (84]  for  polystyrene  am  by  the  authors  for 
DGbBA  DETA  epoxies  [3| . 

The  smooth  mirror-like  region  of  the  fracture 
topography  of  TGDDM  - DDS  epoxies  whose  area 
increases  with  increasing  temperature  and  de- 
creasing strain  rate  (Fig.  13)  can  be  attributed  to 
a crazing  process.  Similar  observations  have  been 
reported  for  DGEBA-DETA  epoxies  |3 ] . For 
other  polymers,  this  region  has  been  associated 
with  slow  crack  growth,  and  its  size  varies  with 
temperature,  molecular  weight  and  strain  rate 
[85-89],  For  polyester  resins,  Owen  and  Rose 
[90]  report  that  the  mirror-like  area  increases  with 
resin  flexibility.  This  smooth  topography  is  associ- 
ated with  slow  crack  propagation  through  the 
median  or  along  the  craze— matrix  boundary  inter- 
face of  a thick,  well-developed  craze  consisting  of 
fine  fibrils  [77,  78,  83,  84,  91-95] . Furthermore 
the  increased  mobility  of  the  glass  near  Tt  enhances 
relaxation  of  the  topographical  features,  thus  also 
favouring  a smooth  surface. 

Interference  colours,  often  observed  in  the 
mirror-like  region  of  non-cross-linked  polymer 
glasses  [96] , were  not  evident  in  the  fracture 
topography  of  TGDDM-DDS  epoxies.  The 
absence  of  such  colours  in  other  cross-linked 
polymers  [3,  4,  48]  suggests  that  the  thickness  of 
the  craze  or  craze  remnants  in  the  mirror-like 
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regions  of  these  cross-linked  glasses  was  not  large 
enough  to  cause  interference  with  visible  light. 

The  TGDDM  -DDS  epoxies  also  deform  to  a 
limited  extent  by  shear  banding.  Regular,  right- 
angle  steps  were  observed  in  the  fracture  topo- 
graphy initiation  region,  all  illustrated  in  Fig.  14. 
The  topography  of  the  right-angle  steps  exhibits  a 
finer  structure  at  higher  magnifications  as  shown 
in  Fig.  15  where  both  faces  of  a right-angle  step 
and  their  line  of  intersection  are  illustrated.  At- 
tached to  each  face  is  a thin,  deformed  layer 
(~  1 00  nm  thick)  of  material  that  consists  of  rec- 
tangular or  square-shaped  voids  and  protrusions 
with  dimensions  of  100  to  500  nm.  These 
structures  are  aligned  parallel  to  the  line  at  which 
the  larger  perpendicular  planes  intersect.  This  topo- 
graphy suggests  that  the  larger  shear  bands  consist 
of  packets  of  micro-shear  bands  whose  thickness  of 

lOOnm  is  that  of  the  larger  bands.  Wu  and  Li 
[97]  have  characterized  two  shear  band  defor- 
mation processes  in  polystyrene;  one  appears  as 
fine  shear  bands  and  the  other  as  diffuse  shear 
zones.  Also,  for  shear  bands  that  propagate  in 
epoxies  under  compression,  Bowden  and  Jukes 
(98 1 report  that  the  matrix  material  outside  the 
bands  does  not  undergo  any  permanent  plastic 
deformation.  Certainly,  a sharp  boundary  between 
the  deformed  material  in  a shear  band  and  the 
undefonned  immediate  surroundings  is  consistent 
with  the  thin  layer  of  deformed  material  observed 
in  the  shear  planes  in  Fig  15. 

The  percentage  of  all  fractures  in  which  regular 
right-angle  steps  were  prevalent  in  the  initiation 
region  is  plotted  as  a function  of  test  temperature 
in  Fig.  1 6.  At  and  above  250°  C ( Tt  - 250°  C),  none 
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Figure  14  Scanning  electron  micrographs  of  right-angle 
steps  in  the  fracture  topography  initiation  region  of 
TGDDM  DDS  (35wt7r  DDS)  epoxy  fractured  at  225°  C 
at  a strain  rate  of  10' 1 min  ' . 

of  the  fracture  surfaces  exhibited  the  right-angle 
steps  because  viscous  flow  and  relaxation  processes 
during  and  after  crack  propagation  cause  a smooth 
fracture  surface  and  mask  the  fracture  topography 


Figure  15  Scanning  electron  micrographs  of  the  fine 
structure  exhibited  at  the  intersection  of  both  faces  of  a 
right-angle  step  in  the  fracture  topography  intiation 
region  of  TGDDM -DDS  (27  wt5f  DDS)  epoxy  fractured 
at  225°  C at  a strain  rate  of  1 min'1 . 


microfeatures.  The  increase  in  the  percentage  of 
fracture  topographies  exhibiting  right-angle  steps 
with  temperature  is  consistent  with  the  shear  band 
mode  of  deformation  becoming  more  favoured 
relative  to  the  crazing  mode  with  increasing 
temperature  [99 -101  ] . Also.  Bowden  [67)  has 
noted  that  the  rate  at  which  shear  bands  develop 
is  controlled  by  the  rate  of  strain  softening  and  the 
strain  rate  sensitivity  of  the  flow  stress.  The  rela- 
tively low  magnitudes  of  day/dlne  of  2.5  to 
3.5  MNm"2  for  TGDDM-DDS  epoxies  above 
200°  C (ascertained  from  Fig.  6)  compared  with 
values  quoted  for  polyfmethyl  methacrylate)  of 
5 to  9 MNm'2  [67]  suggest  that  shear  band  defor- 
mation is  favourable  for  TGDDM-DDS  epoxies 
above  200°  C. 
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Shear  bands,  which  propagate  at  45°  to  the 
applied  tensile  load  direction  and  therefore  inter- 
sect at  right-angles,  produce  structurally  weak 
planes  in  cross-linked  glasses  because  of  bond 
cleavage  that  is  caused  during  molecular  tlow.  Hull 
[102]  and  Mills  [ 103)  have  both  noted  that  the 
intersection  of  shear  bands  causes  a stress  concen- 
tration that  is  Sufficient  to  cause  a crack  to  propa- 
gate through  the  thin,  structurally  weak  planes 
caused  by  shear  band  propagation.  These  phenom- 
ena produce  the  unique  right-angle  steps  in  the 
fracture  topography  ofTGDDM-DDSepoxies  that 
have  not  yet  been  observed  in  any  other  polymeric 
materials.  Generally,  the  planes  of  the  shear  bands 
were  ~45°  to  the  applied  tensile  load  direction. 
However,  in  some  cases,  significant  deviations 
from  the  45°  angle  were  observed  because  of 
complex,  local  stress  fields  in  the  fracture  initiation 
region. 

The  fracture  topography  initiation  regions  that 
exhibited  right-angle  steps  were  surrounded  by  a 
smooth,  mirror-like  topography  region.  At  lower 
temperatures  this  region  is  associated  with  craze 
propagation  (77,  78,  83,  84,  91-95],  Hence,  at 
faster  crack  velocities,  the  initial  mode  of  defor- 
mation that  was  predominantly  a shear  band  mode 
changes  to  a crazing  mode. 

The  ability  of  TGDDM-DDS  epoxies  to  deform 
by  shear  banding,  particularly  near  T%,  allows  these 
glasses  to  exhibit  the  high-temperature  ultimate 
elongations  illustrated  in  Fig.  3.  In  comparison,  for 
certain  polyimides  that  deform  only  by  crazing 
[ 1 04 ] , the  ultimate  elongation  decreases  with 
increasing  temperature  because  the  softening  of 
the  craze  fibrils  limits  their  load-bearing  capability, 
enhances  crack  propagation,  and  thus  limits  the 
ultimate  elongation.  The  shear-band  deformation 
in  TGDDM  -DDS  epoxies,  however,  enhances  the 
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Figure  lt>  Percentage  of  fracture  topography 
initiation  regions  (hat  exhibit  right-angle  steps 
versus  temperature  in  TGDDM  DDS  (15  to 
35wt5f  DDS)  epoxies 
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Figure  1 7 Scanning  electron  micrographs  of  regularly- 
shaped  structures  embedded  in  the  porous  craze  fracture 
topography  initiation  region  of  a TGDDM  DDS  <23  wt% 
DDS)  epoxy,  which  was  fractured  at  room  temperature  at 
a strain  rate  of  ~ 10  : min  1 . 
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Figure  18  Scanning  electron  micrograph  of  regularly 
shaped  structure  embedded  in  the  porous  craze  fracture- 
topography  initiation  region  of  a TGDDM  DDS(12wt9! 
DDS)  epoxy,  which  was  fractured  at  75°  C at  a strain  rate 
of  ~ 10*!  min'1 . 

high-temperature  ductility  without  leading  to  pre- 
mature failure. 

In  the  fracture  topography  initiation  region, 
regularly-shaped  structures  occasionally  were 
found  embedded  in  the  porous  craze  structure  as 
illustrated  in  Figs.  17  and  18.  Such  structures  are 
not  crystallites  of  unreacted  DDS,  for  the  follow- 
ing reasons:  ( 1 ) such  regular  shapes  were  not 
observed  in  the  micrographs  of  unreacted  DDS 
powder  (Fig.  8a);  (2)  clusters  of  these  structures 
> 10/am  in  size  did  not  exhibit  higher  sulphur 
contents  than  their  surroundings  as  determined  by 
XES;  and  (3)  these  regular  structures  were  observed 
in  TGDDM  -DDS  (12  wt%  DDS)  epoxies,  whereas 
regions  of  unreacted  DDS  were  found  only  in 
TGDDM-DDS  (>25  wt%  DDS)  epoxies  (Sections 
3.2  and  3.3).  In  addition,  it  is  difficult  to  envisage 
such  regularly-shaped  regions  of  high  cross-link 
density,  which  would  be  less  susceptible  to  defor- 
mation than  their  surroundings,  being  present  in 
these  TGDDM-DDS  epoxies.  The  most  plausible 
explanation  of  these  regularly-shaped  structures  is 
a result  of  a mixed  mode  of  deformation  in  which 
numerous  shear  bands  develop  in  a region  where 
craze  growth  also  occurs.  Perpendicular  cracks 
develop  where  shear  bands  intersect  at  right-angles, 
and  these  cracks  interconnect  with  neighbouring 
perpendicular  cracks  to  produce  the  assortment  of 
regular  structures  illustrated  in  Figs.  17  and  18. 
The  variety  of  regular  structures,  most  of  which 
contain  some  perpendicular  planes,  results  from 
the  numerous  three  dimensional  positions  that 


perpendicular  shear  bands  can  have  relative  to 
neighbouring  shear  bands  which  also  meet  at  right- 
angles.  The  complex  nature  of  the  local  stress 
fields  in  this  mixed  deformation  mode  could 
further  complicate  the  situation  by  producing 
local  deviations  of  the  shear  band  planes  from  the 
~45°  angle  to  the  applied  tensile  load  direction. 

3.6.  Films  strained  directly  in  the  electron 
microscope 

Significant  information  on  the  failure  processes 
and  structure  of  DGEBA  DETA  epoxies  was 
found  from  bright-field  transmission  electron 
micrographs  of  ~ 1 pm  thick  epoxy  films  strained 
directly  in  the  microscope  [4] . Similar  studies 
were  conducted  on  TGDDM-DDS  (10  to  35  wt  % 
DDS)  epoxies.  On  straining  TGDDM-DDS  epoxies 
in  the  electron  microscope,  cracks  propagated 
rapidly  without  detection  of  crazing  or  shear  band 
modes  of  defomiation.  However,  prior  to  crack 
propagation,  microscopic  heterogeneities  were 
observed  in  the  more  brittle  epoxies  prepared  from 
10  to  15  wt7r  DDS  which  possess  poorer  network 
structures  than  epoxies  prepared  from  higher  DDS 
concentrations.  In  Fig.  19a.  a strained  TGDDM- 
DDS  (10wt%  DDS)  epoxy  is  shown  to  break  into 
2.5  to  13  nm  diameter  particles.  At  higher  defor- 
mation. the  network  breaks  into  ~2.5nm  dia- 


Figure  19  Bright-field  transmission  electron  micrographs 
of  structure  in  deformed  TGDDM-DDS  ( 1 0 wt  % DDS) 
epoxy. 
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motet  particles,  as  shown  in  tig.  Il>h.  These  basic 
2.5  um  diameter  particles  are  of  a similar  si/e  as 
the  TGDDM  epoxide  molecule.  The  lack  of  any 
heterogenic  ties  in  the  Kil)l)S  l)l)S  (15  to 
55  wr  |)I)S)  epoxies  suggests  that  these  epoxies 
possess  a uniform  cross-link  density  distribution. 
The  symmetry  of  the  tetralunctional  T(il)l)M 
epoxide  molecule  would  favour  such  a uniform 
distribution  for  a network  formed  as  a result  of 
primary  amine/epoxide  reactions. 

4.  Conclusions 

( I ) TGDDM  DDS  (20  to  55  wt l)l)S)  epoxies, 
which  exhibit  broad  7Ks  near  250°  C.are  not  highly 
cross-linked  glasses  as  indicated  by  (a)  their  glassy 
state,  high-temperature  ductility  and  ( b ) the  values 
of  their  activation  volumes  associated  with  the 
How  processes  which  are  similar  to  non-cross-linked 
polymer  glasses.  Diffusional  and  stcric  restrictions 
inhibit  the  formation  of  high  cross-link  density 
TfiDDM  DDS  epoxies  despite  the  tctrafunc- 
tionality  of  the  TfiDDM  epoxide.  TfiDDM  DDS 
( 10  to  20  wt r,’  DDS)  epoxies  exhibit  progressively 
lower  7Bs  and  more  brittle  mechanical  responses 
with  decreasing  DDS  concentrations  as  a result  of 
low  molecular  weight  and/or  low  cross-link 
densities. 

(2)  Electron  diffraction  and  X-ray  emission 
spectroscopy  studies  indicate  that  TfiDDM  DDS 
(>  25  wt  r/'i  DDS)epoxics  contain  crystalline  regions 
of  unreacted  DDS  as  a result  of  stcric  and  dif- 
fusional restrictions  limiting  the  cure  reactions. 
Such  DDS  clusters  can  be  eliminated  from  these 
epoxies  during  the  cure  process  resulting  in  micro- 
voids in  the  glasses. 

(3)  TGDDM  DDS  (12  to  35  wt%  DDS) epoxies 
predominantly  deform  and  fail  in  tension  by  a 
cra/.ing  process  as  indicated  by  fracture  topography 
studies.  These  glasses  also  deform  to  a limited 
extent  by  shear  banding  as  indicated  by  unique, 
regular  right-angle  steps  in  the  fracture  topography 
initiation  region.  The  shear  band  mode  of  defor- 
mation becomes  more  predominant  with  increasing 
temperature  and  is  the  primary  mode  of  defor- 
mation during  the  initial  stages  of  fracture  just 
below  Tt.  Fracture  topographical  features  also 
indicate  that  mixed  modes  of  deformation  that 
involve  both  shear  banding  and  cra/.ing  can  occur 
in  these  epoxies.  The  shear-band  mode  of  defor- 
mation enhances  the  high-temperature  ductility  of 
these  TGDDM  DDS  epoxies. 

(4)  The  lack  of  any  heterogeneities  on  straining 
films  of  TGDDM  DDS  (15  to  35wt%  DDS) 
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epoxies  in  the  electron  microscope  suggests  that 
these  glasses  posses  a uniform  cross-link  density 
distribution.  However.  TGDDM  DDS  (10  to 
I5wt  '/<  DDS)  epoxies,  which  possess  poorer  net- 
work structures,  break  into  ~2.5tnn  diameter 
particles  which  arc  similar  in  si/e  to  the  TGDDM 
epoxide  molecule. 
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Electron  and  optical  microscopy  studies  of  the  modes  of  deformation  and  failure  of  polycarbonate  are 
reported.  The  high  toughness  of  glassy  polycarbonate  is  controlled  by  the  ease  of  shear-band  deforma 
tion  and  the  surface  craze  characteristics.  Such  crazes  form  in  tension  prior  to  macroscopic  necking 
and  cold-drawing  and  serve  as  sites  for  ultimate  fracture.  The  surface  craze  characteristics  and  the  role 
they  play  in  the  fracture  processes  are  reported  as  a function  of  strain-rate  (10-2-10+2  min-1)  from 
scanning  electron  microscopy  studies  of  the  fracture  topographies  and  edges  of  polycarbonate  speci- 
mens fractured  in  tension  at  room  temperature.  The  mechanism  by  which  surface  crazing  in  polycar- 
bonate is  enhanced  by  handling  is  also  reported.  The  surface  regions  that  come  into  contact  with 
islands  of  finger-grease  are  plasticized,  and  fabrication  stresses  within  these  regions  relax  near  Tg  at  a 
faster  rate  than  in  the  unplasticized  surroundings.  Microcracks  which  are  produced  at  the  boundary 
between  the  plasticized  and  unplasticized  regions  serve  as  sites  for  craze  initiation  and  growth.  The 
craze  processes  in  thin  polycarbonate  films  strained  directly  in  the  electron  microscope  are  also  re- 
ported. Undeformable  ~10  nm  sized  nodular  regions  were  observed  during  the  craze  flow  processes 
in  these  thin  films. 


INTRODUCTION 

Polycarbonate  is  a tough  thermoplastic  with  good  impact 
properties.  This  amorphous  but  crystallizable  glass  is,  how- 
ever, susceptible  to  solvent-crazing1  8 and,  also,  can  embrittle 
on  annealing  below  Tg*~23.  To  predict  the  durability  of 
polycarbonate  in  a service  environment  with  confidence  re- 
quires a knowledge  of  (a)  the  physical  arrangement  of  the 
macromolecules  in  the  bulk,  (b)  the  microscopic  modes  of 
deformation  and  failure,  (c)  the  structural  parameters  that 
control  the  modes  of  deformation  and  failure,  (d)  the  effect 
of  the  modes  of  deformation  and  failure  on  the  mechanical 
response  and  (e)  how  these  interrelations  are  modified  by 
fabrication  procedures,  specimen  geometry  and  environ- 
mental and  stress  exposure. 

Precrystalline  or  crystalline  structuresdo  not  form  in  bulk 
polycarbonate  below  Tg ( Tg  =r  I50°C)18,20,23-25.  Indeed,  anneal- 
ing polycarbonate  below  Tg  produces  only  changes  in  free 
volume  which  are  reversible  for  reversible  thermal  anneal 
cycles18,20’23.  Polycarbonate  does,  however,  crystallize  im- 
mediately above  Tg,  which  allows  precrystalline  or  crystal- 
line entities  to  grow  below  the  bulk  Tg  in  thin  films  and  on 
free  surfaces  of  thick  films  where  mobility  restrictions  are 
less  severe  than  in  the  bulk18,20,26"  31.  The  surface  structures 
consist  of  aggregates  of  5 -6  nm  diameter  nodules,  which 
are  the  size  of  ordered  molecular  domains18-20,23'29.  There 
is,  however,  no  evidence  that  similar  morphological  entities 
form  in  the  bulk  above  Tg  during  the  initial  stage  of  crystal- 
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lization.  Although  these  surface  morphological  entities  do 
not  play  a direct  role  in  the  bulk  flow  processes  of  polycarbo- 
nate, such  structures  could  affect  the  failure  initiation  pro- 
cesses which  generally  occur  at  surfaces. 

Polycarbonate  is  a tough,  ductile  material  which  deforms 
by  shear  yielding,  even  at  cryogenic  temperatures,  in  the  ab- 
sence of  flaws  of  critical  geometries8.  Surface  flaws  are,  how- 
ever, often  produced  during  the  fabrication  of  polycarbonate 
specimens  by.  for  example,  machining,  drilling  or  sawing. 
Also,  exposure  to  organic  environments,  such  as  handling, 
together  with  interaction  with  fabrication  stresses  are  suffi- 
cient to  generate  critical  surface  flaws.  Polycarbonate,  typi- 
cal of  a ductile  thermoplastic,  is  extremely  notch  sensi- 
tive22,32. This  glass  embrittles  as  a result  of  the  cessation  of 
shear  yielding  and  reverts  to  a crazing  deformation  mode 
with  a corresponding  decrease  in  molecular  flow  and  cncrey 
to  failure12,18,20,23,33. 

In  addition  to  surface  flaw  characteristics,  the  embrittle- 
ment of  polycarbonate  is  dependent  on  specimen  thickness, 
molecular  weight,  thermal  history,  strain-rate  and  test  tem- 
perature. The  mechanical  response  of  a polycarbonate  speci- 
men containing  a critical  flaw  is  sensitive  to  specimen  thick- 
ness as  a result  of  plane-strain  conditions  in  the  deformation 
zone  because  lateral  contraction  becomes  inhibited  with 
increasing  thickness10,15,1,7,18,20,21,38  32  For  plane-stress 
conditions,  shear-band  deformation  is  favoured;  for  plane- 
strain  conditions,  crazing  and  premature  fracture  is  favoured. 
Indeed,  Mills21  reports  that  notched  polycarbonate  bars 
> 5 mm  thick  are  alwaysbrittle  from  196°  to  1 1 5°C  in  the 
impact  strain-rate  region.  Fraser  and  Ward38  have  found 
that  the  fracture  toughness  of  notched  polycarbonate  speci- 
mens depends  on  molecular  weight  in  addition  to  the  notch- 
tip  radii.  They  suggest  that  lower-molecular-weight  poly- 
carbonates possess  lower  crazing  stresses  and.  therefore, 
exhibit  more  brittle  mechanical  responses.  For  polycarbo- 
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iiale  specimens  < 5 mm  thick,  a transition  from  ductile  to 
brittle  behaviour  has  been  observed  with  increasing  strain- 
rate  and/or  decreasing  temperature1518,20  22"*3'  ’4.  This  em- 
brittlement is  also  affected  by  thermal  history  because 
above  80  C.  polycarbonate  has  sufficient  molecular  mobi- 
lity to  allow  decrease  in  free  volume.  These  liquid-like  pack- 
ing decreases  in  free  volume  inhibit  molecular  How  associated 
with  both  shear  yielding  and  crazing  and  cause  the  glass  to 
be  more  sensitive  to  craze/crack  growth18,20,23. 

Hence,  the  embrittlement  and  durability  of  polycarbonate 
depend  on  a complex  number  of  interacting  phenomena, 
not  all  of  which  are  completely  understood. 

This  study  addresses  three  areas  related  to  the  modes  of 
deformation  and  failure  of  polycarbonate  which  are  perti- 
nent to  its  embrittlement  and  durability: 

( 1 ) In  previous  studies  we  observed  a ductile-brittle  transition 
in  tension  at  a strain-rate  of  ~10-/min  for  1 mm  thick,  un- 
notched  polycarbonate  specimens  that  had  been  annealed  at 

1 25°C18*0,23.  At  lower  strain-rates  and  greater  free  volumes 
ti  e.,  quenched  or  145  C equilibrium-state  glasses),  shear- 
band  deformation  was  the  predominant  mode  of  deforma- 
tion, whereas  crazing  became  the  predominant  mode  on 
embrittlement  at  higher  strain-rates.  Kastelie  and  Baer39  have 
reported  that  at  room  temperature  and  above,  crazes  form  in 
polycarbonate  prior  to  shear-band  deformation  and  cold- 
drawing at  strain-rates  of  ~ 10  2/min.  Such  crazes  appear 
to  be  blunted  by  micro-shear  bands  and  do  not  readily  nuc- 
leate fracture.  They  also  noted  that  subsequent  shear-band 
formation  and  propagation  is  unhindered  by  the  presence  of 
these  crazes.  In  earlier  studies  on  polycarbonate,  Spurr  and 
Niegisch1  also  reported  that  crazes  are  carried  through  and 
survive  the  necking  process  virtually  unchanged  in  size  or 
shape.  However,  more  recently  Cornes,  Smith  and  Haward40 
reported  that  such  crazes  fonned  at  70°C  in  polycarbonate 
develop  into  diamond-shaped  cavities  during  cold-drawing, 
and  final  fracture  occurs  by  the  interconnection  of  adjacent 
diamond  cavities. 

In  this  study  scanning  electron  micrographs  of  the  frac- 
ture topographies  and  edges  of  I mm  thick  polycarbonate 
specimens  fractured  at  room  temperature  as  a function  of 
strain-rate  from  10  - to  IO+7/min  were  investigated.  Such 
studies  reveal  how  the  modes  of  deformation  and  failure, 
including  surface  crazes,  vary  with  strain-rate.  The  charac- 
teristics of  these  surface  crazes  can  control  directly  the  stage 
of  deformation  at  which  fracture  occurs  and.  hence,  the  me- 
chanical response  of  polycarbonate. 

(2)  The  initiation  and  propagation  of  crazes  in  polycarbonate 
are  enhanced  by  exposure  to  certain  organic  chemicals' ~8. 
Polycarbonate  crystallization  is  enhanced  by  the  presence  of 
plasticizers  which  allow  the  greater  chain  mobility  necessary 
for  crystallization2,4,28,29,41  4S.  Neki  and  Geil29  report  that 
even  a fingerprint  will  cause  crystallization  on  the  surface  of 
polycarbonate  after  annealing  at  1I0°C.  Miller  et  a/.2  have 
suggested  that  the  solvent  crazing  of  polycarbonate  is  caused 
by  stresses  arising  from  the  crystallization  process.  Certainly 
surface  crystallization  can  cause  sufficiently  high  surface 
stresses  to  produce  micro-cracks.  We  have  observed  directly 
surface  micro-cracks  along  the  edges  of  prespherulitic  amis 
on  the  surface  of  polycarbonate"5,18.  Kambour3  notes, 
however,  that  solvent  crazing  behaviour  of  polycarbonate  is 
too  similar  to  that  of  non-crystalliz.able  polymers  to  involve 

a separate  and  distinct  mechanism  dependent  on  crystalliz.a- 
bility.  Caird8  has  documented  that  handlin^thc  surface  of 
polycarbonate  followed  by  exposure  to  130  C under  stress 
causes  crazing  and  seriously  deteriorates  the  mechanical  res- 
ponse relative  to  untouched  glasses  exposed  to  the  same 


temperatures  and  stresses.  In  this  study  we  investigated  the 
embrittlement  of  polycarbonate  caused  by  handling,  using 
optical  and  scanning  electron  microscopy  to  elucidate  the 
primary  mechanisms  responsible. 

(3)  Electron  microscopy  has  been  used  to  investigate  the 
microscopic  deformation  modes  of  polycarbonate  by  study- 
ing microtomed  sections46  48  or  replicas  of  prestrained 
films4,5,27,28,49.  However,  we  have  found  polymer  films 
strained  directly  in  die  electron  microscope  can  also  gene- 
rate useful  information  on  the  modes  of  deformation  of 
polymers2'50  52  and,  therefore,  have  conducted  similar 
studies  on  polycarbonate. 

EXPERIMENTAL 

Materials  and  sample  preparation 

The  bisphenol  A polycarbonate  (poly-4,4-dioxydiphcnyI 
2,2-propane  carbonate)  (Lexan,  General  Electric  Co.)  had  a 
viscosity-average  molecular  weight  of  30  000  and  contained 
no  significant  additives.  The  polymer  in  the  powdered  form 
and  prior  to  any  sample  preparation  was  preheated  at  125°C 
overnight  in  vacuum  to  remove  moisture. 

For  the  fracture  topography  specimens,  compression- 
moulded  sheets  (~I.O  mm  thick)  of  polycarbonate  were 
prepared  by  moulding  the  dry  polymer  powder  at  180°C  for 

1 5 min  at  ~35  MPa  and  then  cooling  under  pressure  to  room 
temperature  at  2°C/min.  Dogbone-shaped  specimens,  suitable 
for  tensile  fracture,  were  machined  from  the  sheets,  and  the 
edges  were  polished  along  the  gauge  length.  These  speci- 
mens were  then  vacuum  annealed  at  160°C  for  Ih,  which 
minimized  fabrication  stresses,  and  then  annealed  below 

Tg  at  either  1 45°  or  1 25°C. 

Discs,  ~3  cm  in  diameter  and  ~1 .0  mm  thick,  to  be 
utilized  in  the  studies  of  the  embrittlement  of  polycarbo- 
nate as  a result  of  handling  were  prepared  in  circular  moulds 
under  the  same  conditions  as  those  used  for  the  fracture 
topography  specimens.  These  specimens,  however,  were  not 
annealed  after  moulding. 

Polycarbonate  films.  ~1  pm  thick,  suitable  for  straining 
directly  in  the  electron  microscope  were  prepared  by  spread- 
ing a few  drops  of  a 1 7c  solution  of  the  polymer  in  methylene 
chloride  onto  NaCl  crystals.  The  films  and  substrates  were 
exposed  to  vacuum  for  1 2 h at  room  temperature,  and  any 
remaining  solvent  was  evaporated  at  160°C  for  30  min. 
under  vacuum.  The  salt  crystals  were  dissolved  in  water, 
and  the  films  were  washed  with  distilled  water.  Specimens, 

2 mm  square,  were  cut  from  the  polycarbonate  films. 

Experimental 

For  the  fracture  topography  studies,  the  aogbonc  shaped 
samples  were  fractured  in  tension  at  room  temperature  in  a ten- 
sile tester  (InstronTM-S-l  130)  at  crosshead  speedsof0.05  to 
100  cm/min.  A scanning  reflection  electron  microscope 
(Jeol  model  JEM-1 00B)  was  used  to  study  the  fracture  to- 
pographies and  edges  of  these  specimens.  For  these  studies 
the  fracture  surfaces  and  edges  were  coated  with  gold  while 
the  sample  was  rotated  in  vacuum. 

To  study  the  effects  of  handling  on  the  embrittlement 
of  polycarbonate,  a single  thumbprint  was  placed  on  the 
surface  of  the  polycarbonate  disc.  This  disc  was  then  stres- 
sed at  ~10  MPa  (at  its  maximum  cross-section)  for  lh  at 
130  C.  The  disc  was  then  examined  at  room  temperature 
by  reflection  and  transmission  optical  microscopy,  using  an 
optical  microscope  (Zeiss  Ultraphot  II).  and  scanning  reflec- 
tion electron  microscopy.  The  disc  was  coated  with  gold 
prior  to  the  scanning  electron  microscopy  studies. 
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Figure  1 Scanning  electron  micrographs  of  fracture  surfaces  of 
polvcarbonate  that  deformed  and  failed  under  a strain-rate  of 
~10"2  min"1  illustrating  (a)  parallel  planes  that  intersect  at  the 
flaplike  structures  (f)  and  (b)  microcracks  within  these  planes 
(arrows  indicate  direction  of  crack  propagation). 


Bright-field  transmission  electron  microscopy  was  used 
to  monitor  the  modes  of  deformation  of  the  ~1  /urn  thick 
films  that  were  strained  directly  in  the  electron  microscope. 
The  2 mm  square  polycarbonate  specimens  were  fastened  to 
standard  cartridge  specimen  holders  with  cement  (Duco  E.  I. 
duPont ).  The  specimen  holder  was  attached  to  an  EM-SEH 
specimen  elongation  holder  which  was  introduced  into  the 
microscope  through  the  side-entry  goniometer.  The  speci- 
mens were  deformed  in  the  microscope  at  a strain-rate  of 
~10  2 min-1. 

RESULTS  AND  DISCUSSION 

Variation  of  modes  of  deformation  ami  failure  with  strain- 
rate 

The  fracture  topographies  and  edges  of  the  1 mm  thick 
polycarbonate  specimens  fractured  at  room  temperature 
were  monitored  as  functions  of  strain-rate  from  ~10  2 to 
IO+2min  '.  The  fracture  topographies  and  edge  features 
of  these  specimens  were  similar  for  both  the  1 25°  and  I45°C 
annealed  polycarbonates,  with  the  exception  that  only  the 
125°C  annealed  glasses  deformed  predominantly  by  crazing 
in  the~10+2  min  1 strain-rate  region. 

In  the  10  2-l  min-1  strain-rate  region,  polycarbonate 
deformed  predominantly  by  macroscopic  shear-band  defor- 
mation, and  all  specimens  exhibited  necking  and  cold- 
drawing prior  to  fracture  by  fast  crack  propagation  through 
the  oriented  neck.  The  fractured  specimens  decreased  in 
width,  thus  indicating  plane  stress  fracture  conditions.  The 
fracture  topographies  exhibited  striations  parallel  to  the 
direction  of  crack  propagation18,21,33  50.  The  striations  are 
steps  formed  by  the  subdivision  of  the  crack  front  into  seg- 
ments running  on  parallel  planes  as  illustrated  in  Figure  la. 

A similar  subdivision  of  the  crack  front  produces  river  mark- 
ings in  the  more  brittle  polymeric  thermosetsSI'53,54.  The 
flaplike  striations  [designated  by  (0  in  Figure  /u|that  occur 
at  the  intersections  of  the  crack  planes  are  a result  of  tearing 
and  cold-drawing  of  the  polymer  and  have  been  observed  by 
Mills21  for  polycarbonate  and  Murray  and  Hullss  for  poly- 
styrene. The  parallel  planes  shown  in  Figure  la  exhibit  finer 
striations  which  are  situated  parallel  or  perpendicular  to  the 


direction  of  carck  propagation,  as  illustrated  in  Figure  lb. 
These  finer  striations  appear  to  be  fine  cracks  which  could 
result  from  the  relaxation  of  a surface  layer  of  polymer  that 
has  been  swept  onto  the  fracture  surface  and  oriented  in  the 
direction  of  crack  propagation.  Elongated  fractured  fibrils 
that  have  been  swept  down  onto  the  fracture  surface  have 
been  reported  by  Doyle56,57  and  Hoare  and  Hull58  for  poly- 
styrene and  by  the  authors  for  epoxies50,59.  Indeed,  in  cer- 
tain areas  of  the  polycarbonate  surface  we  observe  100 
200  nm  diameter  fibrils  that  have  been  swept  onto  the  Iracture 
surface  and  aligned  in  the  direction  of  crack  propagation,  as 
illustrated  in  Figure  2. 


that 


Examination  of  the  ed^es  of  the  polycarbonate  specimens 
at  deformed  in  the  10~2-1  min-1  strain-rate  region  re- 


vealed a network  of  cavities  as  illustrated  in  Figure  3a.  These 
cavities  propagated  from  surface  craz.es  which  had  developed 
prior  to  cold -drawing  and  had  passed  into  the  necked  region. 
The  formation  during  the  cold-drawing  process  of  diamond- 
shaped  cavities  that  initiate  from  either  crazes  or  surface  de- 
fects has  been  reported  for  a number  of  polymers,  including 
polycarbonate40,60-62.  Such  cavities  propagate  by  tearing  at 
the  pointed  tips  of  the  diamond  resulting  in  a cavity  consis- 
ting of  two  straight  edges  and  two  pointed  extremities40,60. 
The  remnants  of  such  cavities  are  found  in  Figures  3a  and  b. 
However,  many  of  tire  surface  cavities  illustrated  in  Figure  3a 
are  too  irregular  to  be  associated  with  original  diamond- 
shaped structures.  Comes  eta/.40'60  report  that  the  nature 
of  this  plastic  deformation  is  controlled  by  the  presence  of 
four  shear  bands  which  propagate  from  each  end  of  the 
straight  edges  of  the  cavity.  These  cavities  grow  to  thicknesses 
that  are  many  times  that  of  the  original  craze.  Fracture  of  the 
polycarbonate  specimens  occurs  by  interconnection  of  the 
cavities  illustrated  in  Figure  4a.  Cornes,  Smith  and  Haward40 
have  noted  that  fracture  by  this  process  is  controlled  by  the 
stress  concentrations  associated  with  the  cavities,  which  de- 
pend on  the  cavity  size  and  tip  radii,  the  stored  elastic  energy 
within  the  specimen,  and  the  strain-hardening  characteristics 
and  crack  resistance  of  the  oriented  polymer.  Cornes  and 


i 


Figure  2 Scanning  electron  micrograph  of  fib*  i Is  that  have  swept 
onto  the  fracture  surface  of  polycarbonate  that  deformed  and 
failed  under  a strain-rate  of  ~10"2  min-1 
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Figure  3 Scanning  electron  micrographs  of  the  edge  of  cold  drawn 
polycarbonate  that  deformed  and  failed  under  a strain-rate  of  ~ 10~2 
mm-1  illustrating  (a)  numerous  edge  cavities  and  (b)  the  topography 
within  a cavity 


Haward60  associate  the  smoothness  of  the  cavity  walls 
(Figure  3b)  with  a slow  tearing  process.  The  fractured  fibrils 
on  the  cavity  walls  near  the  specimen  surface  in  Figure  3b 
originate  from  the  original  era/e  that  formed  prior  to  cold- 
drawing. A distinct  boundary  is  evident  in  this  micrograph 
between  the  interior  smooth  surface  associated  with  the  tear- 
ing of  non-cra/ed  material  and  the  exterior  fibrillar,  crazed 
region  of  the  cavity.  The  latter  region  has  propagated  to  a 
depth  of  5-  10  pm  into  the  specimen  prior  to  the  onset  of 
the  tearing  process 


Hence,  polycarbonate  specimens  that  were  strained  in 
the  10  - I min  1 strain-rate  region  deform  predominantly 
by  shear-band  deformation  and  cold-drawing.  However,  sur- 
lace  crazes  that  form  prior  to  macroscopic  necking  and  cold- 
drawing serve  as  sites  for  subsequent  plastic  tearing  and  ulti- 
mate fracture. 

In  the  1 to  10+-  min  1 strain-rate  region,  polycarbonate 
still  deforms  predominantly  by  macroscopic  shear  yielding 
and  subsequent  cold-drawing.  The  crazes  that  form  prior  to 
the  cold-drawing  process  are,  however.  > 100  pm  in  length 
which  is  tenfold  larger  than  those  that  grew  in  the  10  ~ to 
I min  1 strain-rate  region.  Such  crazes  act  as  sites  for  crack 
growth  and  ultimate  failure  of  the  glass. 

The  fracture  topography  of  an  edge  craze  in  the  1 to  J0+- 
min  1 strain-rate  region  is  illustrated  in  Figure  4 in  which  a 
curved,  cusp  separates  the  edge  craze  topography  from  that 
of  the  cold-drawn  region.  In  the  regions  where  the  craze  was 
thickest,  nearer  the  specimen  edge,  a patch  pattern  in  the 
fracture  topography  is  observed  as  illustrated  in  Figure  5a. 
The  protruding  patches  and  depressions  on  one  fracture  sur- 
face match  the  reverse  pattern  of  protrusions  and  depressions 
on  the  opposite  fracture  surface.  This  type  of  topography  is 
associated  with  crack  propagation  along  the  boundary  bet- 
ween the  crazed  and  uncraz.ed  material  with  tne  crack  jump- 
ing irregularly  from  one  boundary  to  the  other18'33'63'**  In 
previous  studies  the  patches,  whose  thicknesses  are  those  of 
the  original  craze,  were  generally  found  to  be  smooth  with 
no  fine  structure.  In  this  case,  however,  the  protruding 
patches  exhibit  a distinct  topography  of  fractured  fibrils  in- 
terdispersed  by  voids  as  illustrated  in  Figures  5b  and  c.  The 
depressions  on  one  fracture  surface  that  match  the  protrud- 
ing patches  on  the  opposite  fracture  surface  are  relatively 
smooth  with  the  exception  of  a few  fractured  fibrils  which 
are  perpendicular  to  the  surface  ( Figure  5a).  Similarly 
situated  fibrils  have  been  observed  by  Doyle56  in  the  fracture 
surfaces  of  preoriented  polystyrene.  The  voids  on  the  pro- 
truding patches  were  largest  in  the  regions  associated  with 
the  thickest  portion  of  the  original  craze  and  exhibited  a 
dimple-like  structure  with  dimple  diameters  of  1 -5jum 
(Figure  5b).  (In  metallurgy  a dimpled  fracture  topography 
is  associated  with  a ductile  fracture  mode  that  involves  nuc- 
leation.  growth  and  coalescence  of  voids  by  internal 
necking65^67.)  The  dimples  in  the  polycarbonate  fracture 
topography  are  separated  from  one  another  by  a single 


Figure  4 Scanning  electron  micrograph  of  the  fracture  topography 
of  an  edge  craze  in  polycarbonate  (strain-rate  of  ^2  min~M 
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Figure  5 Scanning  electron  micrographs  of  the  patch-pattern  fracture  topography  of  an  edge  craze  tn  polycarbonate  that  deformed  and  failed 
under  a strain-rate  of  ~2  min-1  illustrating  (a)  overall,  lb)  dimpled  and  (c)  fibrillar  topographies 


boundary  of  fractured  fibrils  which  are  < 500  ntn  in  dia- 
meter. The  surfaces  of  the  protruding  patches  develop  a 
more  fractured  fibrillar  appearance  as  the  voids  decrease  in 
size  with  decreasing  thickness  of  the  original  craze  (Figure 
5c). 

The  overall  fracture  topography  nearer  the  tip  of  the 
craze  is  shown  in  Figure  6a.  The  patch  pattern  persists  in 
this  region,  but  the  patches  are  much  thinner  than  those 
nearer  the  specimen  edge  because  the  craze  tapers  to  a thin 
section.  In  this  region  100-300  nm  diameter  voids  and 
poorly  developed  fibrils  are  evident  (Figures  6b  and  c). 


These  voids  arc  considerably  smaller  than  those  observed  in 
the  thicker  regions  of  the  original  craze.  This  observation  is 
consi  lent  with  other  fracture  topography  studies  that  also 
reported  a decrease  in  void  size  as  the  craze  tip  is 
approached6*  ™.  The  voids  and  poorly  formed  fibrils  taper 
to  a scries  of  fine  fingers  near  the  craze  tip  as  illustrated  in 
Figure  6a.  These  regions  are  shown  in  more  detail  in  Figure 
7.  Highly  drawn,  thin  films  of  polymer  that  are  perpendicu- 
lar to  the  fracture  surface  and  parallel  to  many  of  the  fine 
craze  fingers  arc  evident  in  Figure  6a.  These  highly  drawn 
regions  arc  caused  by  the  crack  propagating  at  a slower  rate 


Figure  6 Scanning  electron  micrographs  of  craze  tip  fracture  topography  of  edge  craze  in  polycarbonate  that  deformed  and  failed  under  a 
strain-rate  of  ~ 2 min- 1 illustrating  (a)  overall,  (b)  microvoid  and  (c)  poor ly  developed  fibrillar  topographies  of  this  region 


through  the  cra/ed  fingers  and  thus  lagging-bchind  the  gene- 
ral  crack  front.  No  evidence  of  significant  ductile  tearing 
of  tlie  cra/.c  as  a result  of  cold-drawing  was  found  in  the 
fracture  topography  crack  tip  region  in  Figure  6a. 

Crazes  normally  grow  preferentially  by  areal  growth 
rather  than  by  a thickening  mechanism  caused  by  drawing 
new  material  across  the  craze-matrix  boundary  interface3'71. 
In  the  I to  I0+7  min  1 strain-rate  region,  however,  after 
cold-drawing  occurs,  the  oriented  material  at  the  craze  tip 
inhibits  further  areal  craze  growth  in  polycarbonate.  Crazes 
do  not  propagate  easily  through  polymeric  material  oriented 


perpendicular  to  the  craze  growth  direction72'73.  Also,  no 
significant  growth  of  the  craze  occurs  by  the  ductile  tearing 
process  that  was  observed  at  lower  strain-rates.  Therefore, 
during  cold-drawing  the  craze  extends  by  further  internal 
void  growth,  coalescence  and  fibrillation.  The  strains  pro- 
duced during  cold-drawing  will  be  greatest  in  the  thicker 
regions  of  the  original  craze  thereby  causing  larger  voids 
in  these  regions  because  of  fibrillar  fracture  and  void 
coalescence. 

The  distinct  porous-fibrillar  structure  present  on  the  sur- 
faces of  the  protruding  patches  in  the  thicker  craze  regions 
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Figure  7 Scanning  electron  micrograph  of  fracture  topography  of 
craze  fingers  at  tip  of  edge  craze  in  polycarbonate  that  deformed  and 
failed  under  a strain-rate  of  ~2  min'1 


results  from  crack  propagation  along  the  craze-matrix  boundary 
interface.  This  structure  is  unusually  distinct  possibly  be- 
cause of  abnormal  stresses  in  the  craze,  and  at  the  craze- 
matrix  boundary  interface  during  crack  propagation  caused 
by  the  oriented  state  of  the  surrounding  material.  The  mag- 
nitude and  distribution  of  the  stress  fields  in  the  vicinity  of 
these  crazes  during  fracture  will  be  different  than  those  that 
exist  in  polymers  which  deform  only  by  crazing. 

The  fracture  topography  of  the  crazes  that  initiated  frac- 
ture in  polycarbonate  in  the  1 to  10+2  min-1  strain-rate 
region  did  not  exhibit  any  characteristic  slow  crack-growth 
regions  on  matching  fracture  surfaces.  Initial  crack  propa- 
gation generally  proceeds  through  the  median  of  the 
craze51'*4,55,57,59'*3,74  producing  a fractured  fibrillar  or 
rough  topography  on  matching  surfaces51,54,59.  The  absence 
of  a slow  crack-growth  region  suggests  that  significant  crack 
growth  occurred  only  under  the  influence  of  the  highly 
strained  surrounding  cold-drawn  material  rather  than  prior  to 
the  onset  of  cold-drawing. 

Hence  at  room  temperature  in  1 to  10+2  min  1 strain-rate 
region,  polycarbonate  still  deforms  predominantly  by  shear- 
band  deformation  and  cold-drawing.  However,  the  surface 
crazes  that  form  prior  to  cold-drawing  and  cause  ultimate 
fracture  are  tenfold  larger  than  those  that  form  in  the  10”  2 
to  1 min”1  strain-rate  region.  Also,  significant  plastic  tear- 
ing does  not  occur  from  these  larger  crazes  prior  to  catastro- 
phic crack  propagation. 

In  the  102  min”1  strain-rate  region,  many  12S°C  annealed 
polycarbonate  specimens  cease  to  cold-draw  and  fail  by 
either  neck  rupturing  or  crazing.  Such  specimens  are  em- 
brittled because  of  a corresponding  decrease  in  molecular 
flow  and  energy  to  failure. 

In  neck  rupture,  failure  occurs  prior  to  neck  formation 
but  after  macroscopic  shear  zones  have  propagated  to  appro- 
ximately the  centre  of  the  specimen.  The  intersection  of  the 
shear  bands,  which  occurs  at  right-angles,  causes  a stress 
concentration21,75  sufficient  to  cause  a crack  to  propagate 
through  the  planes  of  the  shear  bands.  Recently,  we  have 


observed  that  this  fracture  mechanism  produces  microsco- 
pic right-angle  steps  in  certain  thennoset  resins2 1,59  70 

The  specimens  that  deform  and  fail  by  crazing  alone 
exhibit  large  fracture  topography  initiation  regions  which 
often  extend  up  to  ~500  pm  from  the  specimen  edge.  The 
initiation  topography  is  a porous  structure  containing  50 
100  nrn  diameter  fractured  fibrils  as  illustrated  in  Figure  8. 

A slow  tearing  process  through  the  median  of  the  craze 
produces  this  topography51,54,55,57,59,63,74.  Craze  and/or 
crack  growth  is  not  inhibited  in  these  specimens  by  the  pre- 
sence of  any  cold-drawn  oriented  material  at  the  craze  tip. 
The  absence  of  the  constraints  of  oriented  material  in  the 
craze  tip  region  allows  the  slow -crack  growth  process  to 
occur. 

An  overall  view  of  the  faster  crack-growth  fracture  topo- 
graphy region  of  polycarbonate  specimens  that  deformed  and 
failed  by  crazing  is  illustrated  in  Figure  9a.  A distinct  patch 
pattern  is  observed  in  the  topography  immediately  adjacent 
to  the  initiation  region  (Figure  9b).  This  topography  is 
caused  by  the  crack  propagating  along  the  craze-matrix  boun- 
dary interface  and  jumping  irregularly  from  one  boundary  to 
the  other18,33,63,64,  4.  Further  removed  from  the  initiation 
region,  the  topography  consists  of  alternate  bands  of  smooth 
valleys  and  rough  hills  (Figure  9c).  The  bands  of  rough  hills 
consist  of  the  patch  topography  which  is  associated  with 
crack  propagation  through  pre-existing  crazes.  The  patches 
are,  however,  on  a finer  scale  than  those  observed  nearer  the 
initiation  region  in  Figure  9b.  Banded  structures  have  been 
observed  by  Jacoby  and  Cramer77,  Hull  and  Owen33  and 
Ravetti  et  at. 16  in  previous  studies  of  polycarbonate  frac- 
ture topographies. 

Bands  in  the  fracture  topography  has  been  observed  in 
many  other  polymers  and  are  generally  described  in  terms 
of  rib  markings  or  striations33,54,64,77”103.  These  bands  are 


Figure  8 Scanning  electron  micrograph  of  fracture  topography 
initiation  region  of  polycarbonate  that  deformed  and  failed  by  craz- 
ing under  a strain-rate  of  ~102  min"1 
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higure  9 Scanning  electron  micrographs  ot  the  fast  crack-growth  fracture  topography  in  polycarbonate  that  deformed  and  failed  by  crazing 
under  a strain-rate  of  ~102  min- 1 illustrating  (a)  overall,  (b)  patch  and  (c)  banded-patch  topographies  of  this  region 


characteristic  of  relatively  brittle  fracture  and  cover  a larger 
area  of  the  fracture  surface,  with  an  accompanying  decrease 
in  band  spacing,  when  the  molecular  weight  and/or  tempera- 
ture is  decreased  and/or  the  strain-rate  is  increased.  Two  dif- 
ferent mechanisms  have  been  suggested  to  explain  the  banded 
fracture  topographies  in  polymeric  materials:  ( I ) Yoffc104 
has  theoretically  shown  that  a crack  in  an  clastic  material 
is  expected  to  accelerate  to  a limiting  velocity  and  then  bi- 
furcate. Andrews'’2  notes  that  branching  would  be  expected 
to  relieve  the  stress  and  decelerate  the  crack.  The  stress  will 
be  restored  in  a tensile  test  and,  therefore,  the  processes  of 
crack  acceleration  followed  by  bifurcation  will  be  repeated. 
Craze  formation  rather  than  pure  crack  bifurcation  has  been 
suggested  to  be  an  intricate  part  of  this  slip-stick  process  in 
polymers33,64'100102.  (2)  The  banded  topographies  could 
also  be  Wallncr  lines  which  are  formed  at  the  loci  of  the 


intersection  of  the  main-crack  front  with  transverse  shock 
waves  released  during  the  fracture  processes.  Such  lines  were 
first  observed  by  Wallner105  in  inorganic  glasses.  This  pheno- 
menon is  complex  in  polymers  because  any  perturbation  in 
the  stress  caused  by  shock  waves  can  produce  changes  in 
both  crack  and  cra/e  growth,  and  the  growth  changes  in 
these  two  processes  may  not  be  the  same33.  In  the  case  of 
the  banded  topographies  illustrated  in  I'igurc  9,  the  mecha- 
nism involves  a crazing  process.  However,  it  is  not  possible 
to  determine  whether  the  banded  topographies  arise  purely 
from  a slip-stock  or  a Wallner  line  mechanism.  Kusy  and 
Turner102  have  recently  noted  that  both  mechanisms  could 
occur  in  band  fonnation  in  polyf methyl  methacrylate). 

Hence,  in  the  10-  min  1 strain-rate  region,  the  lower- 
free-volume.  125°C  annealed  polycarbonate  specimens  ex- 
hibit evidence  of  a ductile-brittle  transition.  These  sped- 


mens  embrittle  as  a result  of  the  cessation  of  cold-drawing 
with  resultant  failure  by  either  neck  rupture  or  crazing  with 
a corresponding  decrease  in  molecular  How  and  energy  to 
failure.  The  effect  of  thennal  history  and  free  volume  on  tin 
ductile-brittle  transition  have  been  considered  in  a previous 
study18. 


Embrittlement  mechanism  caused  by  handling 

Caird8  has  documented  that  handling  the  surface  of  poly- 
carbonate followed  by  exposure  to  I30°C  under  stress 
seriously  deteriorates  the  mechanical  properties  relative  to 
untouched  glasses  exposed  to  the  same  temperatures  and 
stresses.  We  investigated  the  mechanism  responsible  for  this 
embrittlement  by  optical  and  scanning  electron  microscopy. 


Figure  10  Optical  micrographs  in  (a)  reflection,  (b)  transmission 
and  (c)  reflection  of  craves  that  initiated  from  a thumbprint  in 
polycarbonate 


Figure  1 1 Scanning  electron  micrographs  of  crazes  in  polycarbo 
nate  that  initiated  from  islands  that  had  been  contacted  with  finger 
grease  illustrating  (a)  overall  phenomena  and  (b)  protruding  islands 


' 

• 

■ 

V ' 

7 - 

- ■ 

f 

|U| 

j 

i 

V . ' 

W ' > 

w - • ~ v 

;r  4 

E?  • 

[W:  . 

’ * 

-1 

hW- 

* 

j 

A 

I 

m • >*  >•  ~M 

' 

A 

• * 

3 

400 (TIT) 

M 

P 

m 

1 

1 

300  ^im 

l 

Figure  12  Scanning  electron  micrographs  of  surface  craze  induced 
by  finger-grease  in  polycarbonate 


The  optical  micrographs  in  Figure  10  illustrate  crazes 
that  have  preferentially  grown  from  a thumbprint  after  the 
sample  was  stressed  at  10  MPa  for  lh  at  130°C.  Figures  10a 
and  b are  reflection  and  transmission  optical  micrographs 
respectively  of  the  crazed  region.  The  reflection  optical 
micrograph  in  Figure  10c  illustrates  the  lines  of  the  thumb- 
print and  crazes  in  more  detail.  In  this  latter  micrograph  the 
thicker,  middle  portion  of  each  craze  generally  coincides  with 
a thumbprint  line  which  suggests  that  crazes  initiated  at  this 
line.  The  thumbprint  lines,  which  consist  of~IOOpm  sized 
islands  of  thumb-grease,  and  associated  cracks  and/or  crazes 
are  illustrated  in  more  detail  in  the  scanning  electron  micro- 
graph in  Figure  1 la.  Figure  lib  illustrates  protruding  areas 
where  thumb-grease  has  come  into  contact  with  the  poly- 
mer surface;  these  areas  are  separated  from  the  surrounding 
surface,  thereby  producing  a surface  microcrack  ~100pm 
in  length.  These  cracks  act  as  stress  concentrators  for  craze 
initiation  and  growth  which  leads  to  premature  failure  prior 
to  the  development  of  significant  flow  via  shear-band  defor- 
mation. The  parallel  lines  in  Figure  lib  are  well-developed 
cracks  and/or  crazes  that  have  initiated  from  the  ~100  pm 
microcracks  that  surround  the  plasticized  islands.  The  sur- 


face crazes  often  appear  as  linear  surface  depressions  with 
parallel  cracks  along  theii  edges  in  scanning  electron  micro- 
scopy (Figure  12a).  Evidence  of  the  fibrillar  craze  structure 
was  observed  in  isolated  regions  in  these  micrographs  as 
illustrated  in  Figure  12b. 

From  the  preceding  observations,  tire  following  mecha- 
nism is  suggested  by  which  finger-grease  causes  surface  mic- 
rocracking. The  regions  of  polycarbonate  that  have  come 
into  contact  with  finger-grease  are  plasticized  and,  there- 
fore, fabrication  stresses  in  such  regions  relax  at  a faster  rate 
than  those  in  the  unplasticized  surroundings.  These  islands 
separate  from  their  surroundings  and  rise  above  the  general 
surface  contour  when  the  fabrication  stresses  and  orienta- 
tion are  parallel  to  the  polymer  surface.  The  inhomogeneous 
distribution  of  the  plasticizing  agent  is  a significant  factor  in 
this  particular  solvent-crazing  mechanism.  However,  smear- 
ing finger-grease  to  produce  a continuous  surface  grease 
layer  still  produces  general  microcracking,  following  stress 
and  temperature  exposure,  as  a result  of  a general  relaxation 
of  fabrication  stresses.  These  microcracks  which  are  illus- 
trated in  Figure  13  are,  however,  < 10  pm  in  length  which  is 
a factor  of  10  smaller  than  those  produced  from  the  plastici- 
zed islands. 

These  studies  produced  no  evidence  that  solvent-induced 
surface  crystallization  plays  any  role  in  the  craze  initiation 
and  growth  processes. 

Deformation  processes  in  polycarbonate  films  strained 
directly  in  the  electron  microscope 

Polycarbonate  films  ~1  pm  thick,  were  strained  directly 
in  the  electron  microscope.  These  films  deformed  and  failed 
by  crazing  as  illustrated  in  the  transmission  electron  micro- 
graphs in  Figure  14.  Crazes  initiate  as  thinned  regions  in 
these  films  rather  than  by  void  formation.  This  thinning  pro- 
cess has  been  previously  reported  in  thin  polycarbonate 


Figurt  13  Scanning  electron  micrograph  of  surface  microcracks 
in  polycarbonate  induced  by  a layer  of  finger-grease 


Figure  14  Bright-field  transmission  electron  micrographs  of  a craze 
in  a strained  polycarbonate  thin  film  illustrating  (a)  overall  craze  and 
surroundings  and  (b)  craze  structure 


films  by  Wyzgoski  and  Yeh4  and  Thomas  and  Israel5  and  is 
attributed  to  the  lateral  contraction  of  the  film  during  de- 
formation. Voids  and  fibrils  develop  in  the  later  stages  of 
growth  in  these  regions;  the  remnants  of  such  fractured  fib- 
rils are  evident  in  Figure  14. 

In  the  thinned  regions  and  the  craze  fibrils  in  the  micro- 
graphs in  Figure  14,  dark,  ~ 10  nm  sized  nodular  regions  are 
evident.  These  regions  are  evidently  less  susceptible  to  de- 
formation and  do  not  break-up  and  become  thinner  during 
the  flow  processes  but  simply  move  past  one  another.  These 
less-deformable,  ~10  nm  sized  nodular  regions  are  illustrated 
in  more  detail  in  the  craze-crack  tip  region  in  the  bright-field 
transmission  electron  micrograph  in  Figure  15.  Such  nodular 
regions  appear  dark  in  bright-field  transmission  because  they 
are  thicker  than  their  surroundings.  It  is  uncertain  whether 
such  regions  are  (a)  precrystalline  nodular  structures,  (b)  less- 
deformable  regions  produced  by  electron-beam  damage  or(c) 
thicker  regions  produced  during  the  solvent  evaporation  pro- 
cesses. Certainly  precrystalline  and/or  crystalline  entities  can 
form  during  film  fabrication  from  solution  or  grow  below  the 
bulk  7^  in  thin  films  or  on  free  surfaces  where  mobility  restric- 
tions are  less  severe  than  in  the  bulk18.  Hence,  if  these  less- 
deformable  regions  are  a consequence  of  surface  crystalliza- 
tion processes  in  polycarbonate,  such  regions  could  also  be 
present  on  the  surfaces  of  bulk  specimens  and  play  a role  in 
the  bulk  craze  initiation  processes. 

CONCLUSIONS 

The  flow  processes  and  toughness  of  glassy  polycarbonate 
in  tension  are  controlled  by  the  ease  of  shear-band  deforma- 


tion and  the  resultant  strain-hardening  characteristics  of  the 
cold-drawn  material,  together  with  the  characteristics  of  sur- 
face crazes  which  form  prior  to  macroscopic  necking.  The 
geometry  and  physical  structure  of  the  surface  crazes  together 
with  the  crack  resistance  of  the  oriented  polymer  can  directly 
control  at  what  stage  of  deformation  fracture  occurs,  and, 
hence,  toughness  of  the  polymer.  The  characteristics  of 
these  surface  crazes  varied  as  a function  of  strain-rate  in 
1 mm  thick  polycarbonate  specimens  deformed  in  tension 
at  room  temperature.  In  the  10_2-10+2  min-1  strain-rate 
region,  the  polycarbonate  specimens  deformed  predomi- 
nantly by  shear-band  deformation  and  cold  drawing.  How- 
ever, surface  crazes  that  form  prior  to  macroscopic  necking 
and  cold-drawing  serve  as  sites  for  ultimate  fracture.  In  the 
1 0— 2 — 1 min-1  strain-rate  region,  the  crazes  grow  to 
~5-10g<m  in  length  prior  to  macroscopic  shear-band  defor- 
mation. Subsequent  cold-drawing  leads  to  the  growth  of 
these  craze  sites  by  plastic  tearing.  In  the  1—1 02  min-1 
strain-rate  region,  larger  surface  crazes  up  to  ~ 1 00  gm  in 
length  develop  prior  to  macroscopic  shear-band  deformation. 
These  crazes,  however,  do  not  significantly  grow  in  area  prior 
to  catastrophic  crack  propagation  through  the  oriented,  cold- 
drawn  material.  In  the  ~10*  min-1  strain-rate  region,  speci- 
mens with  low  free-volumes,  as  a result  of  annealing  at  1 25°C, 
ceased  to  cold-draw  and  deformed  and  failed  either  by  craz- 
ing or  by  a neck  rupture  process.  Such  specimens  are  em- 
brittled because  of  a corresponding  decrease  in  molecular 
flow  and  energy  to  failure. 

Surface  crazing  is  enhanced  in  polycarbonate  by  environ- 
mental factors  such  as  handling.  The  regions  of  the  poly- 
carbonate surface  that  have  come  into  contact  with  finger- 
grease  are  plasticized,  and  fabrication  stresses  in  such  re- 
gions relax  near  Tg  at  a faster  rate  than  those  in  the  unplas- 
ticized surroundings.  The  plasticized,  relaxed  regions  sepa- 
rate from  their  surroundings  producing  microcracks  which 
serve  as  sites  for  craze  initiation  and  growth,  and  possible 
embrittlement  of  the  polymer. 

Crazes  initiated  and  propagated  in  thin  polycarbonate 
films  that  were  deformed  directly  in  the  electron  microscope. 
Nodular  regions,  ~10  nm  in  size,  which  did  not  break-up 


Figun  IS  Bright-field  transmisiion  electron  micrograph  of  craze- 
crack  tip  region  in  strained  polycarbonate  thin  film 
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during  the  era/e  (low  processes  were  observed  in  these 
films. 
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Synopsis 

The  tensile  mec  hanical  properties  of  diethylenetriamine  (DETA)-cured  hisphenol-A -diglycidyl 
ether  (D(IKBA)  epoxies  prepared  from  9,  1 1 and  1.1  phr  DETA  are  reported  as  a function  of  thermal 
history,  strain-rate  and  test  temperature.  These  epoxies  exhibit  macroscopic  yield  stresses  and 
>10%  ultimate  elongations.  The  mechanical  propert  ies  of  these  epoxies  exhibit  a free- volume  de- 
pendence  as  a function  of  thermal  history.  Annealing  below  TH  causes  an  increase  in  the  macroscopic- 
yield  stress  and  a decrease  in  the  ultimate  elongation,  whereas  quenching  from  above  TK  lowers  the 
yield  stress  and  increases  the  elongation.  These  mechanical  property  modifications  are  shown  to 
Ih*  reversible  with  reversible  thermal-anneal  cycles.  The  activation  volumes  associated  with  Eyring’s 
theory  for  stress-activated  viscous  How  for  the  DGEBA-DETA  epoxies  are  within  the  range  of  values 
(9-12  nm  'l  reported  for  noncrosslinked  polymers.  These  observations  suggest  that  the  DGEBA- 
DETA  epoxies  are  not  as  highly  crosslinked  as  would  be  expected  from  normal  addition  reactions 
of  epoxide  groups  with  primary  and  secondary  amines.  The  formation  of  lower  crosslink  density 
networks  is  discussed  in  terms  of  potential  chemical  reactions. 


INTRODUCTION 

The  increasing  use  of  epoxies  as  adhesives  and  composite  matrices  has  led 
to  a need  to  predict  the  durability  of  these  materials  in  service  environments. 

The  durability  of  epoxies  can  be  predicted  with  confidence  only  if  their  basic 
structure-property  relations  are  understood. 

The  structure  of  epoxies  can  be  complex.  The  chemical  and  physical  struc- 
tures depend  on  specific  cure  conditions  because  more  than  one  reaction  can 
occur  and  the  kinetics  of  each  reaction  exhibits  different  temperature  depen- 
dences. In  addition,  the  structure  is  affected  by  such  factors  as  steric  and  dif- 
fusional  restrictions  of  the  reactants  during  cure,1-6  the  presence  of  impurities 

which  can  act  as  catalysts,7  the  reactivity  of  the  epoxide  and  curing  agent,8  | 

isomerization  of  epoxide  groups,9-11  inhomogeneous  mixing  of  the  reactants,12 
and  cyclic  polymerization  of  the  growing  chains.8  These  factors  can  lead  to 
physically  and  chemically  heterogeneous  network  structures. 

Amine-cured  epoxides  are  one  of  the  most  common  epoxy  systems.  In  these 
systems,  networks  are  generally  assumed  to  result  from  addition  reactions  of 
epoxide  groups  with  primary  and  secondary  amines.  For  epoxides  and  amines 
with  functionalities  S3,  highly  crosslinked  network  structures  can  be  formed. 

However,  recent  electron  and  opt  ical  microscopy  studies  of  strained  films  and 
fracture  topographies  of  diethylenetriamine  (DETA)-cured  bisphenol-A-dig- 

* Present  address:  l.awrence  Livermore  Laboratory,  L-338,  University  of  t'alifornia.  P.O.  Box 
808,  Livermore,  California  94550. 
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Ivc'idyl  ether  (DGEBA)  epoxies  indicated  that  these  epoxies  deform  and  fail  by 
a crazing  process. 1:1  This  crazing  process  involves  significant  microscopic  flow, 
which  is  not  expected  for  a highly  crosslinked  epoxv  network  structure. 

The  chemical  structures  of  the  DE7  \ and  DGEBA  molecules  are  illustrated 
in  Figure  1.  The  DGEBA  epoxide  is  difunctional,  whereas  the  DETA  amine  is 
pentafunctional  if  all  the  amine  hydrogens  react.  Hence  if  all  amine  hydrogens 
react  with  epoxide  groups  in  the  absence  of  side  reactions,  a highly  crosslinked 
network  structure  should  be  produced. 

The  purpose  of  this  paper  is  to  further  illustrate  that  the  DGEBA-DETA 
epoxies  are  not  highly  crosslinked  glasses,  as  indicated  by  their  tensile  mechanical 
properties  and  the  effect  of  thermal  history  and  strain  rate  on  these  proper- 
ties. * 


EXPERIMENTAL  , 

DER  332  (Dow)  pure  DGEBA  monomer  and  DETA  (Eastman)  were  used  in 
this  study.  Prior  to  mixing,  both  the  DGEBA  and  DETA  monomers  were  ex- 
posed to  vacuum  to  remove  absorbed  moisture.  The  DGEBA  epoxy  monomer 
was  also  heated  to  60°C  to  melt  any  crystals  present12  and  was  then  immediately 
mixed  with  the  DETA  at  room  temperature.  Epoxies  with  three  different 
epoxy:amine  ratios  were  prepared:  9, 1 1 , and  13  parts  per  hundred  by  weight 
(phr)  DETA.  (The  stoichiometric  mixture  for  the  DGEBA -DETA  system 
contains  ~11  phr  DETA.14  This  composition  was  determined  by  assuming  that 
all  amine  hydrogens  react  with  epoxide  groups  in  absence  of  side  reactions.) 
Sheets,  0.75  mm  thick,  of  each  epoxy  mixture  were  prepared  between  glass  plates 
separated  by  Teflon  spacers.  A release  agent  (Crown  3070)  was  used  to  facilitate 
the  removal  of  the  epoxy  sheets  from  the  glass  plates.  The  epoxy  sheets  were 
cured  at  room  temperature  for  24  hr  in  vacuum,  then  removed  from  the  glass 
plates,  and  postcured  at  150°C  for  24  hr  in  vacuum.  The  glasses  were  cooled 
slowly  at  2°C/min  to  room  temperature  to  minimize  any  stresses  caused  by 
thermal  gradients. 

Dogbone-shaped  specimens,  suitable  for  tensile  mechanical  property  studies, 
were  machined  to  a 2.5-cm  gauge  length  and  a width  of  0.3  cm  within  the  gauge 
length  from  the  cured  sheets:  the  edges  were  polished  along  the  gauge  length. 
For  Tn  measurements  a portion  of  the  epoxy  sheets  were  filed  to  produce  a 
powder  suitable  for  DSC  measurements. 


H2— CH— CHj-O— (o) c (oV-o-ch2 CH-Ch 

\ / cl  \ / 

O ch3  o 


bisphenol  A diqlyciclyl  ether  epoxy 
DGEBA 


HjN — CHj — CH2  — NH — CHj  — CHj NHj 


dtethylene  triamme 
DETA 

Fig.  1.  The  DGEBA-DETA  epoxy  system. 
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Some  of  the  dogbone-shaped  specimens  were  exposed  to  various  thermal 
histories  by  annealing  in  a preheated  tube  furnace  in  He.  These  specimens  were 
quenched  in  ice  water  when  removed  from  the  furnace. 

For  the  room-temperature  tensile  mechanical  property  studies,  dogbone- 
shaped  specimens  were  fractured  in  tension  in  a tensile  tester  (Instron  TM-X- 
1130)  at  crosshead  speeds  of  0.05-5.0  cm/min.  DSC  analyses  to  determine  the 
7y s of  the  epoxy  specimens  were  performed  with  a differential  scanning  calo- 
rimeter (Rigaku  model  M 8075)  using  a heating  rate  of  5°C/min. 


RESULTS  AND  DISCUSSION 

The  TK'\ s of  the  DGEBA-DETA  epoxy  systems  are  shown  in  Table  I.  The  Tu 
exhibits  a maximum  at  the  stoichiometric  composition.  Maxima  in  7\,  as  a 
function  of  composition  have  been  previously  reported  for  a number  of  epoxy 
systems.6'15'20  For  amine-epoxide  addition  reactions  in  the  absence  of  side  re- 
actions, Bell16  has  theoretically  shown  that  excess  amine  increases  the  molecular 
weight  between  crosslinks,  which  lowers  the  TK  relative  to  an  epoxy  prepared 
from  the  stoichiometric  mixturi  Bell  also  noted  that  excess  epoxy  systems 
would  possess  approximately  a similar  molecular  weight  between  crosslinks. 
However,  unreacted  epoxide  groups  ».:»iid  plasticize  the  system.  Also,  excess 
of  one  component  in  the  system  enhances  the  possihi''  ■ of  unreacted  molecules 
which  act  as  plasticizers.  Furthermore,  steric  a.^d  aitfusional  restrictions  can 
limit  the  chemical  reactions,  which  further  accentu«  tes  the  number  of  unreacted 
species. 

The  effect  of  thermal  history  on  the  tensile  room-temperature  mechanical 
properties  of  DGEBA-DETA  epoxies  are  illustrated  in  Table  It.  These  epoxies 
exhibit  macroscopic  yield  stresses  and  >10%  ultimate  elongations.  Lee  and 
Neville21  report  higher  ultimate  elongations  for  these  DGEBA-DETA  epoxy 
systems.  These  types  of  mechanical  responses  suggest  that  these  glasses  are  not 
highly  crosslinked. 

Furthermore,  the  mechanical  properties  of  these  epoxies  exhibit  a free-volurr.e 
dependence  as  a function  of  thermal  histor>,  which  indicates  that  these  glasses 
consist  of  regions  of  lightly  or  noncrosslinked  material.  A typical  volume-tem- 
perature plot  for  a polymer  is  illustrated  in  Figure  2.  Changes  in  free  volume, 
or  local  order,  in  the  glassy  state  can  occur  as  a result  of  the  extension  to  tem- 
peratures below  Te  of  packing  changes  associated  with  the  liquid  state.  The 
liquid-volume  temperature  plot  extrapolated  to  below  Tg  in  Figure  2 represents 
the  lower  free-volume,  equilibrium  state  of  the  glass.  The  time  necessary  to 
achieve  the  equilibrium  state  at  a given  temperature  below  Te  depends  on  the 
glassy-state  mobility.  Below  a specific  temperature,  the  glassy-state  mobility 
is  too  small  to  allow  any  changes  in  free  volume.  A decrease  in  free  volume  that 


TABLE  I 

Tg's  of  DGEBA-DETA  Epoxies 


Composition 

T,.  • C 

DGEBA-DETA  (9  phr  DETA)  epoxy 

11C 

DGEBA-DETA  (11  phr  DETA)  epoxy 

130 

DGEBA  DETA  (1.?  phr  DETA)  epoxy 

107 
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TABLE  II 

Effect  of  Thermal  History  on  the  Tensile  Room -Temperature  Mechanical  Properties  (Strain 
Rate  MO-2  min-1)  of  DGEBA-DETA  Epoxies 


Thermal  history 

Yield  ( Y) 

or 

fracture 
(F)  stress,11 
MPa  ±1 

Ultimate 

elongation,11 
% ±1 

D(i ERA- DETA  (9  phr  DETA)  epoxy 

Dnannealed 

(Y)  84 

ii 

11J0(’,  1 day 

<Y)  87 

n 

lire,  2 days 

(Y)  88 

ii 

lire,  4 days 

(E)  77 

9 

Quenched  in  ice  water  from  171  °C  after  10  min 

(Y)  77 

14 

IH’.KBA  DETA  ( 1 1 DETA)  epoxy 

Unannealed 

(Y)  76 

13 

125°e,  1 day 

( Y)  80 

11 

Quenched  in  ice  water  from  185°C  after  10  min 

(Y)  75 

15 

DC  EH  A DETA  (1:1  phr  DETA)  epoxy 

Unannealed 

(Y)  81 

14 

lore.  1 day 

(Y)  84 

14 

I02°e,.l  days 

(Y)  84 

13 

I02°(\  0 days 

(Y)  84 

12 

102°(\  17  days 

(Y)  86 

11 

Quenched  in  ice  water  from  162°C  after  10  min 

(Y)  75 

15 

A-l:  lt)2°e.  1 day 

( Y)  84 

14 

A-2:  queiuhed  in  ice  water  from  162°C  after  10  min 

(Y)  74 

17 

A-3:  1()2°C,  1 day 

(Y)  84 

14 

a Average  values  for  five  specimens  measured  at  each  specific  thermal  history. 


occurs  in  the  glassy  state  results  in  inhibition  of  the  flow  processes  that  occur 
during  deformation  and  a more  brittle  mechanical  response.  Rapid  cooling  from 
above  Tf,,  however,  produces  a glass  with  a larger  free  volume. 

For  each  DGEBA-DETA  epoxy  in  Table  11,  annealing  5°C  below  Tg  causes 
an  increase  in  the  macroscopic  yield  stress  and  a decrease  in  the  ultimate  ex- 
tension as  the  equilibrium  states  of  these  glasses  are  approached.  Quenching 
from  55°C  above  Tg  for  each  epoxy  composition  produces  lower  macrost  pic 
yield  stresses  because  of  the  high  free  volume  frozen  into  these  glasses.  Pnor 
to  deformation,  DGEBA-DETA  (13  phr  DETA)  epoxy  specimens  designated 
A-l,  A-2,  and  A-3  in  Table  II  were  exposed  to  the  same  thermal  history  as  the 
preceding  samples  in  this  series.  After  initially  annealing  at  102°C  for  1 day 
(A-l),  quenching  from  55°C  above  Tg  (A-2)  produces  a lower  macroscopic  yield 
stress.  Subsequent  annealing  of  the  quenched  specimen  in  the  glassy  state  5°C 
below  Tf,  (102°C)  (A-3)  produces  essentially  reversible  changes  in  the  macro- 
scopic yield  stress  and  ultimate  elongation.  These  reversible  changes  in  the 
mechanical  properties  suggest  that  little  change  occurs  in  the  crosslink  density 
in  the  regions  controlling  the  flow  processes  as  a result  of  the  annealing  condi- 
tions. Furthermore,  the  modifications  of  the  macroscopic  yield  stress  and 
ultimate  elongation  with  thermal  history  indicate  that  the  flow  processes  in 
DGEBA-DETA  epoxies  are  controlled  free-volume-dependent  regions.  Such 
regions  must  consist  of  lightly  or  noncrosslinked  material. 
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Crystal 


Temperature  — 

Fig.  2.  A schematic  volume-temperature  plot  for  a polymer. 


Figure  3 illustrates  the  effect  of  annealing  |.r>°C  below  TK  (125°C)]  on  the 
temperature  and  strain-rate  dependence  of  the  macroscopic  yield  stress  of 
DGEBA-DETA  (11  phr  DETA)  epoxy  relative  to  the  unannealed  epoxv.  The 
general  increase  in  the  yield  stress  at  all  temperatures  and  strain  rates  on  an- 
nealing below  Tf,  further  illustrates  the  free- volume  dependence  of  these  ep- 
oxies. 

Each  of  the  DGEBA-DETA  epoxv  systems  exhibited  a linear  dependence  of 
the  yield  stress  (<rv)  with  the  logarithm  of  the  strain  rate  l<)  at  constant  tem- 
perature. These  data  are  consistent  with  Eyring's  theory  of  stress-activated 
viscous  flow  for  polymers.22  This  theory  predicts22  that  the  yield  stress  is  a linear 
function  of  the  logarithm  of  the  strain  rate  at  constant  temperature  T,  i.e.. 


da,  = 2 kT 
d In  i v 


(1) 


where  k is  Boltzmann’s  constant  and  r is  the  activation  volume,  which  is  asso- 
ciated with  that  volume  displaced  when  a chain  segment  jumps  when  acted  on 
by  an  applied  stress.  The  values  of  the  activation  volumes  for  each  DGEBA- 
DETA  epoxy  system  in  the  room-temperature- (T,,  — 30°C)  range  are  9-12  nm3. 
These  values  are  within  the  range  of  those  reported  for  noncrosslinked  poly- 
mers24'30 and  two  epoxy  systems.6'31  These  observations  suggest  that  either 
regions  of  low  and/or  noncrosslink  density  control  the  flow  processes  of  the 
DGEBA-DETA  epoxies  and/or  the  rupturing  of  crosslinks  does  not  significantly 
affect  the  values  of  the  activation  volumes. 

Hence  the  effects  of  thermal  history  and  strain  rate  on  the  mechanical  response 
of  DGEBA-DETA  epoxies  indicate  that  regions  of  low  or  noncrosslink  density 
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Yield  stress  (MPa) 


Fig. Yield  stress  vs  hgistrain  rate)  of  a DGEB  A-DETA  (J  1 phr  DETA)  epoxy  as  a function 
of  temperature  and  thermal  history  for  ( ) annealed  24  hr  at  125°C  and  ( — ) unannealed  sam- 
ples. 

control  the  flow  processes  that  occur  under  the  influence  of  stress  in  these  glasses. 
Such  observations  are  consistent  with  the  reported  microscopic  deformation  and 
failure  processes  of  these  systems  and  their  morphology.13  (From  straining 
DGEBA-DETA  epoxy  films  directly  in  the  electron  microscope,  these  epoxies 
were  found  to  consist  of  crosslinked  molecular  domains  embedded  in  a lower 
crosslinked  density  matrix,  with  the  latter  controlling  the  flow  processes.' 3) 
These  observations  suggest  that  chemically  either  (1)  few  epoxide  secondary- 
amine  reactions  occur  in  DGEBA-DETA  epoxies,  thus  limiting  the  number  of 
crosslinks  and/or  (2)  polyether  linkages  are  formed  by  trans  etherification 
through  a ring-opening  homopolymerization  of  the  epoxide.7,10,14,32  The  ep- 
oxide-amine reactions  are  controlled  by  the  presence  of  H-bond  donors  such  as 
OH  groups,  which  are  necessary  to  open  the  epoxide  rings.2-3,7  The  trans  eth- 
erification reaction  requires  a tertiary  amine  as  a catalyst  and  a H-bond  donor 
as  a cocatalyst.7  '0,32  For  the  DGEBA-DETA  system,  sufficient  quantities  of 
tertiary  amines  are  only  formed  above  120°C.'°  Hence  the  finai  chemical 
structure  of  the  DGEBA-DETA  epoxy  system  can  be  complex,  because  it  will 
depend  on  such  parameters  as  (1)  the  relative  rates  of  the  chemical  reactions  at 
room  temperature  and  the  final  postcure  temperature,  (2)  the  concentrations 
of  catalysts  such  as  sorbed  moisture  in  the  system,  and  (3)  the  steric  restrictions 
inhibiting  reactions  at  secondary  amine  sites. 
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